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EXECUTIVE  SUMMARY 


The  Air  Force  has  established  a  milestone  to  increase  the  surface  temperature  of  the 
high-pressure  turbine  blade  in  future  aeroengine  designs  in  order  to  enhance  efficiency  and 
performance.  The  target  temperatures  are  about  1350°C  at  the  metal  surface  and  1150°C  in  the 
bulk  of  a  hollow  blade  with  internal  cooling  passages.  Niobium-based,  in-situ  composites 
containing  silicides  and  Laves  phases  in  a  matrix  of  Nb  solid  solution  show  promising,  though 
still  inadequate,  oxidation  resistance  at  1200°C  or  above.  Increasing  the  alloying  elements  to 
increase  the  oxidation  resistance  has  led  to  reduction  in  creep  and  fracture  resistance.  Thus, 
there  is  a  practical  need  for  means  to  improve  the  oxidation,  creep,  and  fracture  resistance  in  the 
silicide-containing,  in-situ  composites. 

The  main  objectives  of  this  research  were:  (1)  to  develop  Nb-based,  in-situ  composites 
with  enhanced  oxidation,  creep,  and  fracture  resistance  for  very  high  temperature  service  in  the 
range  of  1200  to  1400°C,  and  (2)  to  develop  a  fundamental  understanding  of  the  relationships 
between  alloy  composition,  microstructure,  creep,  oxidation,  and  fracture  resistance. 

A  computational  material  science  approach  was  extended  and  utilized  to  optimize  the 
oxidation,  fracture,  and  creep  resistance  of  Nb-based  in-situ  composites.  The  extension  included 
the  development  of  several  material  models  for  computing  the  creep  and  oxidation  resistance 
of  Nb-based  in-situ  composites,  as  well  as  a  method  for  computing  the  fracture  resistance  on 
intermetallics.  Using  this  computational  approach,  several  candidate  Nb-based,  in-situ 
composites  were  designed  and  fabricated.  The  microstructure,  oxidation,  and  fracture  properties 
of  the  candidate  alloys  were  characterized  and  evaluated  against  model  predictions. 

Both  experimental  data  and  theoretical  modeling  indicated  that  the  fracture  resistance 
of  Nb-based  in-situ  composites  was  enhanced  by  a  Ti  addition,  but  was  reduced  by  a  high  Cr 
addition,  while  a  high  Cr  content  in  the  Nb  solid  solution  phase  enhanced  the  oxidation 
resistance.  A  high  volume  fraction  of  intermetallics  in  the  Nb-based  in-situ  composites  enhanced 
the  oxidation  resistance  but  reduced  the  fracture  resistance.  The  fracture  and  oxidation  resistance 
of  Nb-based  in-situ  composites  could  not  be  optimized  because  of  the  opposite  effects  of  Ti  and 
Cr  additions  as  well  as  the  volume  fractions  of  Nb  solid  solution  and  intermetallics  (Laves  and 
silicides)  on  fracture  and  oxidation  resistance. 

To  overcome  these  opposite  effects,  the  Ti  and  Cr  contents  in  Nb-based  in-situ 
composites  must  be  increased  and  the  Nb  content  must  be  decreased  in  order  to  improve 
oxidation  and  fracture  resistance.  In  particular,  the  formation  of  Nb2Os  must  be  suppressed  and 
replaced  by  the  formation  of  a  protective  Cr203  or  CrNb04  oxide  layer.  The  microstructure 
of  Nb-based  in-situ  composites  must  be  refined  to  contain  fine  shearable  intermetallic 
precipitates  in  the  sub-micron  size  range  in  order  to  mitigate  the  high  plastic  constraints  in 
the  Nb  solid  solution  and  to  facilitate  the  formation  of  a  continuous  Cr203  or  CrNbCL  layer. 
Such  a  microstructure  is  predicted  to  exhibit  a  high  creep  resistance  if  the  creep  exponent  (n)  of 
the  intermetallic  is  low  (n  ~  1-2). 
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1.0  INTRODUCTION 


The  Air  Force  has  established  a  milestone  to  increase  the  surface  temperature  of  the 
high-pressure  turbine  blade  in  future  aeroengine  designs  in  order  to  enhance  efficiency  and 
performance.  The  target  temperatures  are  about  1350°C  at  the  metal  surface  and  1150°C  in  the 
bulk  of  a  hollow  blade  with  internal  cooling  passages.  Niobium-based,  in-situ  composites 
containing  silicides  in  a  matrix  of  Nb  solid  solution  show  promising,  though  still  inadequate, 
oxidation  resistance  at  1200°C  or  above.  Increasing  the  alloying  elements  to  increase  the 
oxidation  resistance  has  led  to  reduction  in  creep  and  fracture  resistance.  Thus,  there  is  a 
practical  need  for  means  to  improve  the  oxidation,  creep,  and  fracture  resistance  in  the 
silicide-containing,  in-situ  composites. 

The  main  objectives  of  this  research  program  were:  (1)  to  develop  Nb-based,  in-situ 
composites  with  enhanced  oxidation,  creep,  and  fracture  resistance  for  very  high  temperature 
service  in  the  range  of  1200  to  1400°C,  and  (2)  to  develop  a  fundamental  understanding  of  the 
relationships  between  alloy  composition,  microstructure,  creep,  oxidation,  and  fracture 
resistance. 


2.0  APPROACH 

A  materials  science-based  approach  was  used  to  develop  a  computer  code  for  predicting 
yield  strength,  fracture  toughness,  creep  strength,  and  oxidation  resistance  as  a  function  of 
composition  and  microstructure.  The  computational  code  was  used  to  optimize  creep,  fracture, 
and  oxidation  resistance  of  Nb-based,  in-situ  composites.  Based  on  the  computational  results, 
several  candidate  alloys  were  designed  and  fabricated.  The  microstructure,  fracture,  and 
oxidation  resistance  of  the  candidate  alloys  were  characterized  and  evaluated  against  model 
predictions  to  assess  the  validity  of  the  computational  approach. 


3.0  SUMMARY  OF  KEY  RESULTS 

A  computational  approach  was  extended  and  utilized  to  optimize  the  oxidation,  fracture, 
and  creep  resistance  of  Nb-based  in-situ  composites.  The  extension  included  the  development  of 
several  material  models  for  computing  the  creep  and  oxidation  resistance  of  Nb-based  in-situ 
composites,  as  well  as  a  method  for  computing  the  fracture  resistance  of  intermetallics.  A 
schematic  of  the  computational  approach  is  shown  in  Figure  1. 

Using  this  computational  approach,  several  candidate  Nb-based,  in-situ  composites  were 
designed  and  fabricated.  Chemical  compositions  of  these  candidate  materials  (Nbx,  Ml,  M2, 
and  AX)  are  summarized  in  Table  1  together  with  two  materials  (UES-AX,  and  CNG-1B) 
supplied  by  UES.  The  microstructure,  phase  constituents,  oxidation,  and  fracture  properties  of 
the  candidate  materials  were  characterized  in  this  program.  In  addition,  appropriate 
microstructure-based  oxidation,  fracture,  and  creep  models  were  further  developed.  These 
models  were  used  to  analyze  the  experimental  data,  to  develop  scientific  understanding  of  the 
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performance/microstructure  relationships,  and  to  guide  further  material  development.  Key 
results  of  these  efforts  are  highlighted  as  follows. 


In-Situ  Composite 


Figure  1 .  Overview  of  the  computational  model  utilized  in  this  program.  Dotted  lines 
show  models  that  are  still  under  development. 


Table  1.  The  Actual  Chemical  Composition  and  Interstitial  Contents  of  Various 
Nb-Based  In-situ  Composites 


Compositions  (at.%) 

Interstitial  Contents  (wt.  ppm) 

Nb 

Ti 

Hf 

Cr 

Si 

Ge 

C 

N 

O 

MW 

62.7 

26.6 

4.2 

2.50 

1.0 

3.0 

<  100 

62 

Ml 

46.3 

22.2 

grgiji 

12.3 

9.7 

<  100 

M2 

35.8 

22.5 

4.0 

■m 

17.3 

4.8 

26 

220 

AX 

41.3 

22.4 

3.9 

BB 

5.1 

100 

60 

UES-AX 

41.2 

23.0 

4.7 

tm 

4.7 

100 

36 

| 

CNG-1B* 

48.7 

21.5 

2.0 

6.7 

9.0 

4.7 

200 

44 

■f 

*  Also  contained  3.5%  Fe,  2.6%  Al,  and  1 .3%  Sn. 
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3.1  Microstructure 


The  microstructures  of  Nb-based,  in-situ  composites  were  varied  by  heat-treatment 
at  1350°C  for  24  hours  and  100  hours  in  a  flowing  Argon  atmosphere,  followed  by  furnace  cool. 
These  heat  treatments  were  designed  to  investigate  the  microstructural  stability  of  the  candidate 
materials.  The  microstructures  of  the  as-cast  and  heat-treated  materials  were  characterized  by 
scanning  electron  microscopy,  energy  dispersive  spectroscopy,  X-ray  diffraction,  and 
quantitative  metallographic  techniques.  Results  of  the  microstructure,  chemical  compositions, 
and  volume  fractions  of  constituent  phases  in  these  composites  are  highlighted  in  the  section 
below,  while  more  detailed  results  are  reported  in  Appendix  1  [1]. 

The  typical  microstructure  of  the  Nb-based,  in-situ  composites  is  usually  comprised  of 
three  phases:  (1)  an  Nb  solid  solution,  (2)  one  or  maybe  two  silicide  phases,  and  (3)  a  Laves 
phase.  These  phases  can  be  distinguished  individually  by  back-scattered  electron  (BSE) 
microscopy.  In  the  BSE  images,  the  Nb  solid  solution,  Nbss,  appears  as  the  lightest  gray  phase, 
while  the  silicide  appears  as  gray  and  the  Laves  phase  is  dark  gray.  The  microstructure  of  the 
heat-treated  alloys  at  1350°C/100  hrs  is  illustrated  in  Figure  2. 

The  chemical  compositions  of  individual  phases  present  in  the  candidate  materials  were 
determined  by  selected  area  energy-dispersive  spectroscopy.  A  summary  of  the  chemical 
compositions  of  constituent  phases  in  the  heat-treated  alloys  is  presented  in  Table  2.  The 
accuracy  of  the  EDS  result  is  ±  2  atomic  percent.  X-ray  diffraction  results  indicated  that  the 
silicides  are  a  mixture  of  predominantly  alloyed  Nb5Si3  (D8i  structure)  with  small  amounts  of 
alloyed  Ti3Si3  (D82  structure)  and  Nb3Si  (TiP3  structure).  The  Laves  phase  is  consistent  with  an 
alloyed  NbCr2  (C14  structure),  while  the  Nb  solid  solution  has  the  bcc  (A2)  crystal  structure. 
The  resulting  Nb  solid  solution  usually  contains  a  relatively  high  Cr  (9-14  percent)  content. 

Quantitative  image  analysis  was  performed  to  determine  the  volume  fraction  of 
individual  phases  in  the  as-cast  and  heat-treated  microstructures.  Table  3  shows  a  summary  of 
the  volume  percents  of  Nb  solid  solution,  silicide  phase,  and  Laves  phase  for  the  heat-treated 
materials.  Heat  treatment  at  1350°C  reduced  the  volume  percents  of  Laves  and  silicide  phases, 
and  increased  the  volume  fraction  of  the  Nb  solid  solution  phase. 
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Microstructures  of  Nb-based  in-situ  composites  heat-treated  at  1350°C  for 
100  hrs.:  (a)  M2,  (b)  AX,  (c)  Ml,  (d)  Nbx,  (e)  UES-AX,  and  (f)  CNG-1B. 


Table  2.  The  Chemical  Compositions  and  Crystal  Structures  of  Constituent  Phases  in  Various  Nb-Based  In-Situ 
Composites  in  the  As-Cast  and  Heat-T reated  Conditions 
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Also  contained  small  amounts  of  (Ti,  Nb)sSi3  (D8  structure)  and  possibly  NbsSi  (Ti^P  structure). 


3.2  Fracture  Toughness  and  Modeling 

The  fracture  toughness  of  Nb-based,  in-situ  composites  was  characterized  by  three-point 
bending  of  notched  specimens  and  in-situ  fracture  testing  of  compact-tension  (CT)  specimens  in 
a  SEM  equipped  with  a  loading  stage.  These  results  are  presented  in  Table  3.  Figure  3  plots  the 
fracture  toughness  as  a  function  of  volume  percents  of  intermetallics  (silicide  plus  Laves  phases) 
for  the  as-cast  and  heat-treated  materials.  At  above  50  percent  intermetallics,  the  fracture 
toughness  is  relatively  constant  at  about  8  to  9  MPaVm. 

To  understand  the  observed  fracture  behavior,  an  indentation  technique  with  an 
appropriate  calibration  procedure  was  developed  to  measure  the  fracture  toughness  of  individual 
phases  in  the  in-situ  composites.  The  technique  involved  making  Vickers  hardness  indentation 
on  individual  phases  under  a  small  load  such  that  the  entire  indent  and  the  microcracks  all 
resided  within  the  phase  of  interest.  The  indentation  toughness  of  the  Laves  phase  ranged  from  2 
to  5  MPaVm.  In  contrast,  the  indentation  toughness  of  the  silicide  phases  ranged  from  3 
to  12  MPaVm.  The  frequency  distribution  of  the  indentation  toughness,  KVc,  for  the  silicides 
was  measured  and  the  result  is  presented  in  Figure  4.  Only  some  Nbss  grains  in  AX 
and  UES-AX  cracked  by  indentation,  most  of  the  Nbss  grains  in  Ml  did  not  crack,  and  none  in 
the  Nbx  cracked  by  indentation.  Since  the  Nb  solid  solution  Nbx  did  not  crack  under 
indentation,  only  the  minimum  values  of  the  indentation  toughness  could  be  estimated.  The 
fracture  toughness  of  Nbss  ranged  from  22  to  32  MPaVm,  Figure  5,  and  it  is  sensitive  to  the  Ti 
and  Cr  contents.  Table  4  presents  the  average  indentation  toughness  of  the  composites  and  those 
of  individual  phases.  The  fracture  toughness  of  the  alloyed  silicide  and  Laves  phase  is  8  MPaVm 
and  3  MPaVm,  respectively,  which  is  a  factor  of  2  to  3  higher  than  the  unalloyed  compounds. 
The  fracture  toughness  of  Nbss  ranged  from  11  to  27  MPaVm  because  of  variation  in  Ti  and  Cr 
contents  and  the  plastic  constraints  caused  by  the  intermetallics. 

The  effects  of  alloying  addition  on  the  fracture  toughness  of  the  silicides  and  Nbss  were 
investigated  by  theoretical  computation  of  the  bond  order  [2]  and  the  Peierls-Nabarro  barrier 
energy  [3, 4],  which  are  described  in  Appendix  1.  Bond  order  is  a  quantum  mechanics  parameter 
that,  defined  in  terms  of  the  overlap  electron  population,  measures  the  strength  of  the  covalent 
bond  between  atoms  [2].  A  higher  bond  order  means  a  stronger  covalent  bond  existing  between 
atoms.  Correlation  of  fracture  toughness  and  the  number  of  d+s  electrons  per  atom  in  the 
silicide,  shown  in  Figure  6,  indicates  increasing  Kc  with  decreasing  number  of  d+s  electrons. 
Theoretical  computation  of  the  bond  order,  Bo,  for  Nb5Si3  indicates  that  Ti  addition  reduces  the 
bond  order  in  the  alloyed  silicide,  Figure  7.  Thus,  the  reduction  in  the  bond  order  is 
accompanied  by  an  increase  in  the  fracture  toughness,  Figure  7.  This  finding  suggests  that  the 
fracture  toughness  of  the  silicide  may  be  improved  further  by  Ti  addition  to  reduce  the  bond 
order  in  the  silicide  phase.  In  addition,  the  P-N  barrier  energy  calculation  indicates  that  the  low 
fracture  toughness  of  the  Nb  solid  solution  phase  is  the  consequence  of  a  higher  Cr  content 
relative  to  the  Ti  and  Hf  contents.  To  improve  the  fracture  toughness  of  the  Nb  solid  solution 
phase,  it  is  necessary  to  increase  the  Ti  and  Hf  contents  or  reduce  the  Cr  content. 
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e  3.  A  Summary  of  the  Volume  Percents  of  Intermetallics  and  Fracture  Toughness  Results  for  Nb-Based  In-Sil 
Composites  Determined  by  Three-Point  Bend  and  Compact  Tension  Techniques 


HIP’ped  at  1420°C  under  207  MPa  pressure  for  6  hours. 
Average  of  three  tests. 


Figure  3.  Fracture  toughness  (Kc)  decreases  with  increasing  volume  percent  of 
intermetallics  (Ge-rich  phase,  silicides,  and  Laves  phases). 


Figure  4.  Frequency  distribution  of  the  indentation  fracture  toughness  (KVc)  of 
constituent  silicide  phases  in  Nb-based  in-situ  composites. 
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Figure  5.  Frequency  distribution  of  the  indentation  fracture  toughness  (KVc)  of 
the  Nb  solid  solution  phase  in  in-situ  composites:  (a)  high  Ti  and  low  Cr 
contents,  and  (b)  low  Ti  and  high  Cr  contents. 


9 


Table  4.  Average  Values  of  Fracture  Toughness  of  Nb-Based,  In-Situ  Composites 
and  Individual  Phases  in  the  Composites 


Alloy 

Composite 

Fracture 

Indentation  Toughness,  MPaVm 

Nb  Solid  Solution 

Silicide 

Laves  Phase 

Nbx 

24.7 

26.2 

— 

— 

Ml 

13.1 

18.9 

— 

— 

AX 

11.8 

16.6 

7.2 

— 

UES-AX 

10.1 

15.3 

8.8 

— 

M2 

7.4 

11.0 

8.1 

3.0-5.0 

Number  of  d  +  s  Electrons  in  Silicides 

Figure  6.  Dependence  of  fracture  toughness  on  the  number  of  d+s  electrons  per 
atom  in  Nb-based  and  Ti-based  silicides. 
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Figure  7.  Fracture  toughness  of  alloyed  silicides:  (a)  indentation  toughness,  KVc, 
(left  side)  and  bond  order  (right  side)  of  alloyed  silicides  as  a  function  of  Ti 
content.  Trend  lines  are  shown,  and  (b)  computed  Kc  compared  against 
experimental  data  and  the  complex  stacking  fault  energy,  ycsf,  required  to 
fit  the  fracture  model  to  the  experimental  data  of  alloyed  Nb5Si3  and  Ti5Si3. 
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The  fracture  mechanism  in  the  in-situ  composite  involves  the  formation  of  microcracks 
ahead  of  the  main  crack.  Most  of  these  microcracks  are  initiated  in  the  Laves  phase,  which  has 
the  lowest  fracture  toughness  among  the  constituent  phases  in  the  microstructure.  Once 
initiated  in  the  Laves  phase,  the  microcracks  propagated  into  the  silicide  phase.  The  linkage  of 
the  main  crack  and  microcracks,  which  dictates  the  observed  fracture  toughness,  often  occurs 
without  plastic  stretching  of  the  Nbss  particles.  The  absence  of  ductile-phase  toughening  in 
theNb-based  in-situ  composites  appears  to  originate  from  the  phase  morphology  in  the 
composite  microstructure.  In-situ  fracture  toughness  testing  results  shown  in  Figure  8 
for  CNG-1B,  revealed  that  this  crack  path  tended  to  follow  the  silicide  and  Laves  phases  in  this 
material.  At  lower  K  levels,  the  crack  was  seen  to  arrest  at  or  within  an  Nbss  grain.  The  main 
crack,  however,  was  able  to  get  around  the  more  ductile  Nbss  grains  by  crack  reinitiation  or 
deflection.  Figure  8(a)  illustrates  the  reinitiation  of  a  microcrack  in  a  silicide  grain,  located 
ahead  of  the  trapped  initial  crack  at  K  =  6  MPaVm.  In  contrast,  Figure  8(b)  shows  that  the  main 
crack  changed  its  path  to  follow  the  silicide  phase  by  deflecting  to  propagate  around  the  Nbss 
obstacles  at  K  =  8  MPaVm.  Consequently,  the  crack  path  follows  mostly  the  silicide  phase 
at  K  =  9  MPaVm,  Figure  8(c).  Because  of  this  fracture  path,  the  ductile  Nb  solid  solution  was 
not  able  to  enhance  the  fracture  toughness  of  the  in-situ  composites.  Comparison  of  the 
experimental  data  against  theoretical  calculation  of  a  fracture  toughness  model  [5],  which  was 
developed  in  a  previous  AFOSR  program  at  SwRI®,  suggested  that  the  lack  of  ductile-phase 
toughening  by  the  Nb  solid  solution  phase  was  caused  by  the  high  plastic  constraint  induced  on 
the  continuous  matrix  by  the  silicide  and  Laves  phases.  In  particular,  Figure  9  shows  the 
computed  Kc  curves  for  crack-tip  trapping/bridging  [6]  by  ductile  phase  in  the  in-situ 
composites  with  (solid  curve)  and  without  (dashed  curve)  plastic  constraint  acting  on  the  Nbss 
phase,  as  well  as  that  computed  based  on  the  rule-of-mixtures  (ROM).  The  Kc-curve  without 
plastic  constraint  and  that  for  the  ROM  were  computed  using  Eqs.  (4)  and  (12)  of  Chan  and 
Davidson  [5],  respectively;  while  the  Kc-curve  with  the  plastic  constraint  (solid  curve)  was 
computed  using  Eqs.  (10)  and  (11)  of  Chan  and  Davidson  [5].  For  these  calculations,  the 
constraint  parameter,  q,  was  taken  to  be  unity  (q=l)  and  Kj  =  28  MPaVm  as  the  average  value 
of  the  fracture  toughness  of  Nbss.  For  spherical  particles,  the  intermetallics  begin  to  make 
contact  when  their  volume  percents  exceed  the  theoretical  value  of  *  72%  and  the  crack  can 
propagate  exclusively  in  the  intermetallic  phase.  For  irregular-shaped  particles  the 
intermetallic  phase  can  occur  with  high  contiguity  at  lower  volume  fraction.  This  appears  to  be 
case  in  the  Nb-based  in-situ  composites.  The  fracture  toughness  of  the  in-situ  composites  was 
essentially  identical  to  those  of  the  silicides  when  the  volume  fraction  of  intermetallics  was 
greater  than  approximately  60%,  Figure  9. 

To  address  the  issues  of  a  high  plastic  constraint  in  a  composite  microstructure,  a 
computation  method  was  developed  in  this  program  for  estimating  the  Peierls-Nabarro  barrier 
energy  for  slip  in  ordered  intermetallics  [7].  In  addition,  a  fracture  toughness  model  on  the 
basis  of  thermally  activated  slip  was  formulated  and  applied  to  various  intermetallic  alloys. 
Figure  10  shows  a  plot  of  the  fracture  toughness,  Kc,  versus  Ys/(UP.N  +  Yapb),  where  Ys  is  the 
surface  energy,  Up_N  is  the  Peierls-Nabarro  barrier  energy,  and  Yapb  is  the  antiphase  boundary 
energy.  This  figure  compares  the  fracture  toughness  data  of  intermetallic  [8-14]  and  metallic 
alloys  [15]  under  plane-strain  and  non-plane  strain  fracture  conditions  against  model 
calculations  for  two  values  of  the  plastic  zone  size,  h. 
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Figure  8.  Crack  path  follows  mostly  the  silicide  phase  in  the  CNG-1B 
alloy:  (a)  crack  re-initiation  in  a  silicide  when  the  main  crack  is  trapped  by 
an  Nbss  grain  at  K  =  6  MPaVm,  (b)  crack  deflection  around  an  Nbss  grain 
and  into  silicide  phase  at  K  =  8  MPaVm,  and  (c)  microscopic  view  of  the 
crack  path  at  K  =  9  MPaVm.  Notch  on  the  left.  Crack  growth  from  left  to 
right.  Light  phase  is  Nbss.  gray  phase  is  silicide,  and  dark  phase  is  Laves 
phase. 
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Figure  9.  A  comparison  of  the  fracture  toughness  values  of  Nb-based  in-situ 
composites  against  model  calculations  based  on  crack-tip 
trapping/bridging  with  and  without  plastic  constraint,  and  the  rule  of 
mixtures  (ROM). 


Figure  10.  A  comparison  of  the  fracture  toughness  data  of  intermetallic  [8-14]  and 
metallic  alloys  [15]  under  plane-strain  and  non-plane  strain  fracture 
conditions  against  model  calculations. 
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The  development  of  this  fracture  model  for  intermetallics  is  described  in 
Appendix  2  [7].  A  summary  of  the  computational  approach  for  designing 
fracture-resistant  Nb-based  in-situ  composites  and  alloys  is  presented  in  Appendix  3  [16].  The 
computational  approach  developed  in  this  program  is  particularly  well-suited  for  designing 
multi-component  metallic  alloys.  Design  of  multi-component  fracture-resistant  Nb-based  solid 
solution  alloys  was  investigated  and  the  results  are  presented  in  Appendix  4  [17].  The  aims  of 
these  efforts  were  mostly  focused  on  developing  the  computational  methodology  (Figure  1)  for 
computing  the  fracture  properties  of  the  intermetallic  phases  in  an  in-situ  composite  (dotted  box 
in  Figure  1). 

3.3  Oxidation  Resistance  and  Modeling 

The  cyclic  oxidation  resistance  of  the  Nb-based,  in-situ  composites  was  characterized 
by  thermal  cycling  that  involved  exposing  the  specimens  to  an  elevated 
temperature  (900, 1100,  1200,  1315,  or  1400°C)  for  22  hours,  followed  by  furnace  cool  to 
ambient  temperature  in  2  hours.  The  thermal  cycles  were  applied  up  to  500  total  hours, 
depending  on  the  peak  temperature.  Weight  change  data  were  measured  as  a  function  of 
thermal  cycle.  The  spalled  oxides  were  collected  and  identified  by  X-ray  diffraction.  Selected 
specimens  were  sectioned  to  determine  the  recession  rate.  These  results  were  compared  against 
theoretical  models  developed  in  this  program  to  assess  the  source  of  oxidation  resistance  and  to 
guide  further  alloy  development.  Detailed  descriptions  of  the  experimental  results  are 
presented  in  Appendix  5  [18]. 

Figure  1 1  shows  a  comparison  of  the  weight  change  data  of  various  Nb-based,  in-situ 
composites  for  thermal  cycling  at  a  peak  temperature  of  1100°C.  The  weight  change  data 
of  M2  tested  at  various  peak  temperatures  are  compared  in  Figure  12.  Good  oxidation 
resistance  was  observed  in  M2  at  1100  and  1200°C.  Spallation  of  the  oxide  scale  increased 
when  the  peak  temperature  was  lowered  to  900°C  or  increased  above  1315°C.  Breakaway 
oxidation  occurred  in  M2  after  only  20  hours  at  1400°C.  Among  the  five  alloys  studied,  M2 
exhibited  the  best  oxidation  resistance. 

X-ray  diffraction  data  revealed  that  a  mixture  of  CrNb04  and  TixNbyOz  existed  in  the 
scales  in  Nbx,  Ml,  AX,  UES-AX,  and  M2.  TixNbyOz  includes  3Nb205«Ti02,  Ti2Nbi0O29, 
Nb2C>5,  and  TiNbCh.  The  oxidation  products  in  M2  were  mostly  CrNb04  with  small  amounts 
of  Nb2C>5  and  Nb205«Ti02,  Figure  13(a)  At  other  temperatures  as  well  as  in  other  alloys,  the 
oxidation  resistance  decreased  with  increasing  amounts  of  Nb2Os  and  Nb205*Ti02  in  the  oxide 
mixtures.  For  these  alloys,  the  worst  oxidation  resistance  occurred  at  1400°C  and  the  oxide 
product  mixture  contained  mostly  Nb205  and  Nb205*Ti02  with  little  CrNb04,  Figure  13(b). 
The  intensity  of  the  XRD  pattern  for  CrNb04  occurs  at  20  =  27.3°,  while  those  for  Nb205 
and  Nb205*Ti02  occur  at  20  =  23.9°.  The  ratio  of  the  intensity,  ICrNb04 ,  of  the  CrNb04  peak 

at  20  =  27.3°  to  the  intensity,  INb2o5.Tio2 ,  at  20  =  23.9°  can  be  used  as  a  measure  of  the  relative 

amounts  of  CrNb04,  Nb2C>5  and  Nb205*Ti02  in  the  oxidation  product.  The  values  of  this 
relative  intensity  ratio  were  obtained  for  all  six  alloys  tested  at  various  temperatures.  The 
results  are  plotted  as  a  function  of  volume  percents  of  Nb  solid  solution  phase  in  the  alloy  in 
Figure  14. 
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Figure  1 1 .  Experimental  weight  change  curves  of  various  Nb-based, 
composites  for  1 100°C. 


Figure  12.  Experimental  weight  change  curves  of  as-cast  M2  for 
cycling  (22  hr/cycle)  at  various  peak  temperatures. 
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Figure  13.  Characteristic  XRD  peaks  of  oxide  spalls  of  alloy  M2  for  various  peak 
cyclic  oxidation  temperatures:  (a)  1 100°C  and  (b)  1400°C. 
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Figure  14.  XRD  intensity  ra\\o,ICrNbOi/lNh05,TiO2,  plotted  as  a  function  of  volume 

percents  of  Nb  solid  solution  in  Nb-based  in-situ  composites  for  various 
peak  oxidation  temperatures. 


A  clear  picture  of  the  relationship  between  the  microstructure  and  oxidation  resistance 
emerged  when  the  relative  intensity  ratio  and  metal  recession  were  plotted  as  a  function  of 
volume  percent  Nb  solid  phase.  Figure  15  shows  the  results  of  the  relative  intensity  ratio  and 
material  recession  of  the  various  alloys  after  500  hours  of  cyclic  oxidation  at  a  peak 
temperature  of  1100°C.  Three  general  trends  can  be  deduced  from  Figure  15:  (1)  high  material 
recession  is  associated  with  the  formation  and  spallation  of  and  Nb205«Ti02,  (2)  low 

material  recession  is  associated  with  the  formation  and  spallation  of  CrNbC>4,  and  (3)  the 
formation  and  spallation  of  Nl^Os  and  NbiOj^TiCL  is  favored  in  alloys  containing  high  volume 
percents  of  Nb  solid  solution  phase,  while  CrNb04  formation  and  spallation  is  favored  in  alloys 
with  high  volume  percents  of  silicide  and  Laves  phase.  The  lowest  oxidation  resistance  was 
observed  in  Nbx,  which  contained  the  lowest  Cr  content,  while  M2,  which  contained  the 
highest  Cr  content,  exhibited  the  highest  oxidation  resistance.  Unfortunately,  CrNb04  does  not 
offer  long-term  protection  and  the  oxidation  resistance  of  M2,  which  varies  widely  with 
temperatures,  is  limited  to  500  hours  at  1100°C  and  is  less  at  other  temperatures.  The  good 
oxidation  resistance  in  M2  was  the  result  of  the  formation  of  a  nearly  continuous  layer 
of  CrNb04.  A  nearly  continuous  layer  of  CrNb04  appeared  to  form  in  M2  at  1100  and  1200°C, 
which  led  to  a  higher  intensity  ratio  and  the  oxidation  resistance.  In  general,  the  propensity  to 
spallation  increases  with  (1)  increasing  amount  ofTixNbyOz  in  the  oxide  scale,  and  (2) 
increasing  amount  of  Nbss  in  the  in-situ  composites.  A  high  Cr  content  appears  to  improve  the 
oxidation  resistance  by  promoting  the  formation  of  CrNb04. 
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Figure  15.  Metal  recession  and  relative  intensity  ratio  plotted  as  a  function  of  Nb  solid 
solution  in  Nb-based  in-situ  composites  for  cyclic  oxidation  at  1100°C 
peak  temperature. 


An  oxidation  model  was  developed  in  this  model  for  treating  independent  cyclic 
oxidation  of  individual  phases  in  a  microstructure.  Development  of  this  oxidation  model  is 
described  in  detail  in  Appendix  6  [19]. 

The  experimental  weight  change  results  of  the  Nb-based  in-situ  composites  were 
compared  against  the  theoretical  model  for  independent  cyclic  oxidation.  In  applying  the 
model  for  independent  cyclic  oxidation,  the  in-situ  composites  were  treated  as  a  two-phase 
microstructure  containing  an  Nb  solid  solution  phase  and  intermetallic  phases  that  included 
both  the  silicide  and  Laves  phases.  Nbx  weight  change  data  was  used  to  obtain  the  parabolic 
rate  and  the  spallation  constants  for  the  formation  of  Nb205*Ti02  on  the  Nb  solid  solution 
phase.  Similarly,  the  weight  change  data  for  M2  were  used  to  determine  the  parabolic  rate  and 
spallation  constants  for  the  formation  of  CrNb04  on  the  silicide  and  Laves  phases.  The 
calculated  curves  are  in  perfect  agreement  with  experimental  data  for  Nbx  and  M2,  as  shown  in 
Figure  16,  because  the  model  was  fitted  to  these  experimental  data.  The  calculated  curves 
for  AX,  UES-AX,  and  Ml  are  model  predictions.  As  indicated  in  Figure  16,  the  model 
over-predicted  the  weight  changes  for  Ml,  AX,  and  UES-AX,  when  the  actual  values  of  the 
volume  fraction  of  Nb  solid  solution  phase  in  the  alloys  were  used.  The  discrepancy  indicated 
that  the  area  fractions  covered  by  Nb205*Ti02  in  these  alloys  were  smaller  than  the  area 
fractions  of  Nb  solid  solution  phase  in  the  microstructure.  Conversely,  the  area  fractions 
covered  byCrNb04were  larger  than  the  area  fractions  of  silicide  and  Laves  phase.  The 
implication  is  that  oxidation  of  the  constituent  phases  in  the  microstructure  was  not  totally 
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independent.  More  importantly,  it  suggested  that  there  might  be  a  tendency  for  CrNbC>4  to 
displace  Nb2Os  or  Nb205*Ti02,  which  might  ultimately  result  in  a  continuous  layer  of  CrNbC>4. 
The  area  fractions  that  were  covered  by  Nb205*Ti02  were  deduced  by  fitting  the  model  to  the 
weight  change  data.  As  shown  in  Figure  17,  the  area  fractions  covered  by  CrNbQ* 
were  0.06, 0.06,  and  0.2  for  AX,  UES-AX,  and  Ml,  respectively.  In  comparison,  the  volume 
fractions  of  Nb  solid  solution  phase  in  these  alloys  were  0.2,  0.54  and  0.64  for  AX,  UES-AX, 
and  Ml,  respectively.  Thus,  the  oxide  layer  on  AX  and  UES-AX  was  close  to 
being  continuous  and  was  comprised  of  mostly  CrNbC>4.  Nonetheless,  the  small  amounts 
ofNb205*Ti02  that  formed  on  AX  and  UES-AX  exerted  significant  influence  on  the  spallation 
behavior. 
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Figure  16.  Experimental  weight  change  data  compared  against  calculated  weight 
change  curves  for  Nb-based  in-situ  composites.  Model  calculations  were 
performed  via  Eq.  (4)  in  Appendix  6  and  the  assumption  of  independent 
oxidation  of  individual  phases.  The  area  fractions  of  surfaces  covered  by 
Nb205«Ti02  and  CrNb04  were  taken  to  correspond  to  the  volume  fractions 
of  Nb  solid  solution  (f«)  and  intermetallic  (silicide  +  Laves)  phases, 
respectively. 
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Figure  17.  Comparison  of  measured  and  computed  weight  change  curves 
for  Nb-based  in-situ  composites.  The  model  was  fitted  to  the  experimental 
weight  change  data  to  deduce  the  area  fractions  (f«)  of  Nb  solid  solution 
phases  covered  by  Nb20s»Ti02  for  Ml,  UES-AX  and  AX.  The  deduced 
values  fa  for  these  alloys  are  significantly  lower  than  the  volume  fraction  of 
the  Nb  solid  solution  phase,  which  suggests  that  there  is  a  tendency  to 
form  CrNbC>4  in  the  expense  of  Nb20s*Ti02. 


The  critical  condition  for  the  exclusive  formation  of  CrNb04  was  computed  by  fitting 
an  existing  model  (Eq.  (18)  Appendix  6)  proposed  by  Wang  et  al.  [20],  to  the  oxidation  data 
of  M2  to  determine  that  the  interdifficient  coefficient  (D  =  2.2  x  10’5  (im2/hr)  for  Cr  diffusion 
in  silicide  and  Laves  phase  was  2.2  x  10'5  jim2/hr.  Using  this  D  value,  the  predicted  critical 
particle  sizes  for  continuous  oxide  layer  formation  are  in  good  agreement  with  the  experimental 
data.  As  shown  in  Figure  18,  the  model  predicted  the  exclusive  formation  of  CrNbC>4  in  M2 
and  the  occurrence  of  nearly  continuous  layers  of  CrNbC>4  in  AX  and  UES-AX,  as  well  as  the 
absence  of  a  continuous  CrNbCL  in  Ml.  Furthermore,  the  identical  cyclic  oxidation  behaviors 
observed  in  AX  and  UES-AX  can  be  explained  on  the  basis  of  the  smaller  particle  size 
in  UES-AX. 
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Figure  18.  Comparison  of  computed  and  measured  volume  fractions  and  particle 
sizes  for  the  formation  of  a  continuous  CrNb04  scale.  The  D  value 
required  to  fit  the  experimental  data  is  2.2  x  10'5  pm2/hr,  compared 
to  D  =  8.3  x  10'6  pm2/hr  for  Cr  in  Nb.  With  D  =  2.2  x  10'5  pm2/hr,  the 
model  predicts  the  occurrences  of  a  continuous  CrNb04  on  M2,  a  nearly 
continuous  Cr2Nb04  on  AX  and  UES-AX,  and  a  mixture  of  Nb205»Ti02 
and  CrNb04  oxides  on  Ml . 


The  possibility  of  controlling  the  particle  size  as  a  means  for  improving  the  oxidation 
resistance  of  Nb-based  in-situ  composites  was  examined  using  the  criterion,  Eq.  (18)  in 
Appendix  6,  proposed  by  Wang  et  al.  [20].  Figure  19  shows  the  critical  volume  fraction  of 
particles  as  a  function  of  particle  size  (diameter)  required  for  onset  of  the  formation  of  a 
continuous  oxide  layer  for  silicides,  Laves,  or  aluminide  particles.  The  size  requirements  are 
most  severe  for  silicides,  followed  by  Laves  particles  and  aluminide  particles.  This  ranking  is 
the  consequence  of  a  low  Si  solubility  (=  .015)  in  Nb  [21]  and  a  high  Al  diffusivity  in  Nb  [22], 
The  stringent  conditions  required  for  the  exclusive  formation  of  a  Si02  or  Cr203  oxide  layer 
dictates  that  mixed  oxides  form  on  Nb-based  in-situ  composites  as  observed  experimentally. 
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Figure  19.  Model  calculations  of  the  critical  volume  fraction  of  particles  as  a  function 
of  particle  size  (diameter)  for  forming  a  protective  oxide  layer  for 
silicide,  Cr  Laves  phase,  and  aluminide  particles. 


3.4  Creep  Resistance  and  Modeling 

Detail  of  this  work  has  been  published  and  is  presented  in  Appendix  7  [23].  The  creep 
model  of  Kelly  and  Street  [24]  was  extended  to  treat  creep  in  Nb-based  in-situ  composites 
containing  silicides  in  a  creeping  matrix.  Model  calculations  revealed  that  the  creep  exponent 
of  the  in-situ  composites  is  significantly  influenced  by  the  creep  behavior  of  the  stronger 
reinforcement  (silicide  or  Laves)  phase.  Figure  20  shows  a  comparison  of  the  calculated  creep 
curves  against  those  of  Nb-Ti-Hf-Si  in-situ  composites  using  experimental  data  [25] 
of  Nb  and  Nb5Si3)  which  were  used  as  input.  As  can  be  seen  in  Figure  19,  Nb5Si3  exhibits  a 
higher  creep  resistance  thanNb.  For  Nb-33Ti-7.5Hf-16Si  andNb-21Ti-12.5Hf-16Si  [26],  the 
slopes  of  the  creep  curves  resemble  that  for  the  composite  with  rigid  silicides  even  though  the 
model  over-predicted  the  creep  rate  at  a  given  stress  level.  The  creep  curve  for  Nb-7.5Hf-16Si 
agrees  with  that  calculated  for  creeping  silicides  with  matrix  interaction.  The  wide  range  of 
creep  exponent  (1  to  11)  observed  in  Nb-Ti-Hf-Si  in-situ  composites  can  be  explained  on  the 
basis  of  the  rigid  or  creeping  behavior  of  the  silicide  (or  Laves)  phase  during  creep  in  the 
in-situ  composites.  Creeping  silicides  are  beneficial  for  creep  resistance  as  long  as  the  creep 
exponent  of  the  creep  silicides  is  low  (e.g.,  n  =  1)  [24].  Rigid  particles  or  creeping  particles 
with  a  high  creep  exponent  (n  >  3)  are  undesirable.  For  optimum  creep  resistance,  the  desirable 
characteristics  are  reinforcement  phases  that  are  rigid  at  low  stresses  but  creep  with  a  low  stress 
exponent  (n  =  1)  at  higher  stresses. 
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Figure  20.  Comparison  of  experimental  and  calculated  steady-state  creep  rates 
for  Nb,  Nb5Si3,  and  three  Nb-Ti-Hf-Si  in-situ  composites.  Experimental 
data  are  from  the  literature  [25,  26]. 


4.0  CONCLUSIONS 

The  results  of  this  study  have  led  to  important  conclusions  with  regard  to  the  fracture, 
oxidation,  and  creep  resistance  of  Nb-based  in-situ  composites.  These  conclusions  are  listed  as 
follows: 

(a)  On  optimized  properties  of  Nb-based  in-situ  composites: 

1.  The  fracture  resistance  of  Nb-based  in-situ  composites  is  enhanced  by  a  Ti 
addition,  but  is  reduced  by  a  high  Cr  addition,  while  a  high  Cr  content  in 
the  Nb  solid  solution  phase  enhances  the  oxidation  resistance. 

2.  A  high  volume  fraction  of  intermetallics  in  the  Nb-based  in-situ  composites 
enhances  the  oxidation  resistance  but  reduces  the  fracture  resistance. 

3.  The  fracture  and  oxidation  resistance  of  Nb-based  in-situ  composites  could 
not  be  optimized  because  of  (i)  the  opposite  effects  of  Ti  and  Cr  additions  on 
fracture  and  creep  resistance,  and  (ii)  the  conflicting  influence  of  volume 
fractions  of  Nb  solid  solution  and  intermetallics  (Laves  and  silicides)  on 
fracture  and  oxidation  resistance. 
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(b)  On  fracture  resistance  of  Nb-based  in-situ  composites  (Appendices  1  and  3): 

1.  An  addition  of  Si  and  Ge  in  NbCr2  stabilized  the  C14  and  increased  the 
fracture  toughness  from  1  MPaVm  to  2-5  MPaVm.  The  toughness 
enhancement  may  be  attributed  to  a  reduction  of  unstable  stacking  and  P-N 
barrier  energies  for  slip  by  synchroshear  in  the  C 14  structure. 

2.  Ti  and  Hf  additions  appeared  to  enhance  the  fracture  toughness  of  Nb-rich 
and  Ti-rich  M5SL  from  2-3  MPaVm  to  8-10  MPaVm.  The  toughness 
enhancement  may  be  attributed  to  slip  by  [001]  partial  dislocations  and 
correlates  with  increasing  fracture  toughness  with  decreasing  bond  order  by 
increasing  Ti  and  Hf  additions. 

3.  The  fracture  toughness  of  the  Nbss  in  the  in-situ  composites  are  limited 
to  25-30  MPaVm  because  the  Ti  +  Hf  content  is  limited  to  29%  and  the  Cr 
content  can  reach  as  high  as  14%. 

4.  The  Cr  content  (10-14  at.%)  in  the  Nb  solid  solution  phase  in  the  Nb-Ti-Hf- 
Cr-Si-Ge  in-situ  composites  is  higher  than  that  (~  3  at.%)  expected  based  on 
the  ternary  Nb-Si-Cr  phase  diagram.  A  high  Cr  content  (10-14at.%)  and  a 
high  plastic  constraint  in  the  Nb  solid  solution  phase  is  responsible  for  the 
relatively  low  fracture  resistance  exhibited  by  the  Nb-based  in-situ 
composites. 

5.  The  fracture  mechanism  in  Nb-based  in-situ  composites  containing  large 
volume  fracture  of  intermetallics  involves  the  nucleation  of  microcracks  in 
the  Laves  phase,  propagation  of  microcracks  in  the  silicide  phases,  and 
linkage  of  the  main  crack  with  microcracks  without  substantial  plastic 
stretching  occurring  in  the  Nbss  particles. 

6.  The  fracture  toughness  of  the  in-situ  composites  decreases  with  increasing 
volume  fractions  of  intermetallics  phases.  Ductile-phase  toughening  is 
ineffective  in  composites  containing  more  than  40-50%  intermetallics 
because  the  crack  tends  to  propagate  in  the  intermetallic  phases  and  bypass 
the  Nbss  phase.  The  fracture  toughness  of  the  Nb-based  in-situ  composites  is 
approximately  the  fracture  toughness  of  the  silicide  phase  when  the  volume 
percent  of  intermetallics  exceeds  60%. 

(c)  On  fracture  resistance  and  dislocation  mobility  in  intermetallics  (Appendices  2 

and  4): 

1.  The  fracture  toughness  of  intermetallics  can  be  related  to  dislocation 
mobility  and  described  in  terms  of  a  thermally  activated  slip  formulation. 

2.  Fracture  toughness  of  intermetallics  increases  with  decreasing  values  of 
the  Peierls-Nabarro  barrier  energy  and  the  generalized  stacking  fault 
(stacking,  anti-phase  boundary,  and  complex  stacking  fault)  energies. 

3.  The  effects  of  alloying  addition  on  the  fracture  toughness  of  intermetallics 
can  be  predicted  on  the  basis  of  its  effects  on  the  P-N  barrier  energy, 
stacking  fault  energy  or  anti-phase  boundary  energy. 
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(d)  On  oxidation  resistance  of  Nb-based  in-situ  composites  (Appendices  5  and  6): 

1.  The  oxidation  products  associated  with  thermal  cycling  of  Nb-based  in-situ 
composites  at  a  peak  temperature  of  900  to  1400°C  are  a  mixture 
of  CrNb04,  Nb205,  Ti2Nbio029,  and  Nb2C>5*Ti02,  with  possibly  small 
amounts  of  Si02  or  Ge02. 

2.  The  oxidation  resistance  of  Nb-based  in-situ  composites  is  enhanced  by  the 
formation  of  CrNb04  instead  of  Nb205,  Ti2Nbi0O29,  and  Nb205*Ti02. 

3.  The  oxidation  resistance  of  Nb-based  in-situ  composites  increased  with 
increasing  Cr  content  in  the  Nb  solid  solution  and  decreasing  volume 
fractions  of  the  Nb  solution  phase  in  the  microstructure. 

4.  Among  the  materials  investigated,  the  best  oxidation  resistance  was 
observed  in  as-cast  M2  whose  microstructure  contained  Nb-based  silicides 
and  Laves  phase,  with  little  or  no  Nb  solid  solution  phase.  The  oxidation 
resistance  in  M2  is  provided  by  the  interaction  of  Nb2Os  and  Cr2C>3  to  form  a 
continuous  layer  of  CrNb04. 

5.  For  Nb-based  in-situ  composites,  a  high  volume  fraction  of  small  (5 
to  10  pm)  Laves  and  silicide  phases  is  required  for  the  formation  of  a 
continuous  CrNb04  oxide  layer. 

(e)  On  creep  resistance: 

L  The  wide  ranges  of  the  creep  exponent  observed  in  Nb  in-situ  composites, 
can  be  explained  on  the  basis  of  the  presence  of  rigid  or  creeping  silicides  in 
the  composites. 

2.  The  presence  of  both  rigid  and  creeping  phases  in  a  creeping  matrix  can 
result  in  an  apparent  threshold  in  the  creep  curve. 

3.  Composites  with  rigid  silicides  exhibit  a  creep  exponent  that  is  identical  to 
that  of  the  creeping  matrix,  while  composites  with  creeping  matrix  and 
creeping  silicides  exhibit  the  creep  exponent  of  the  silicides. 

4.  The  creep  resistance  of  in-situ  composites  can  be  tailored  by  controlling  the 
relative  volume  fractions  of  rigid  and  creeping  intermetallics  in  the 
microstructure. 

5.  A  creep  resistant  microstructure  requires  the  stronger  reinforcement  phase  to 
exhibit  low  creep  rates  with  a  small  stress  exponent  (e.g.,  n  =  1). 


5.0  RECOMMENDATIONS 

Recommendations  reached  as  the  result  of  this  investigation  are  as  follows: 

1.  The  Ti  and  Cr  contents  in  Nb-based  in-situ  composites  must  be  increased  and 
theNb  content  must  be  decreased  in  order  to  improve  oxidation  and  fracture 
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resistance.  The  formation  of  Nb205  must  be  suppressed  and  replaced  by  a 
protective  Cr203  or  CrNb04  oxide  layer. 

2.  The  microstructure  of  Nb-based  in-situ  composites  must  be  refined  to  contain  fine 
shearable  sub-micron-sized  precipitates  in  order  to  mitigate  the  high  plastic 
constraints  in  the  Nb  solid  solution  and  to  facilitate  the  formation  of  a 
continuous  Cr203  or  CrNb04  layer. 

3.  Thermal  and  environment  barrier  coatings  are  required  to  improve  the  long-term 
oxidation  resistance  of  Nb-based  in-situ  composites. 
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Improving  the  Fracture  Toughness  of  Constituent  Phases 
and  Nb-Based  In-Situ  Composites  by  a  Computational 
Alloy  Design  Approach 

KWAI  S.  CHAN  and  DAVID  L.  DAVIDSON 

A  computational  alloy  design  approach  has  been  used  to  identify  a  ductile  matrix  for  Nb-based 
in-situ  composites  containing  Ti,  Hf,  Cr,  Si,  and  Ge  additions.  Candidate  alloys  in  the  form  of 
cast  buttons  were  fabricated  by  arc  melting.  Coupon  specimens  were  prepared  and  heated  treated 
to  vary  the  microstructure.  Backscattered  electron  (BSE)  microscopy,  quantitative  metallography, 
energy-dispersive  spectroscopy  (EDS),  and  X-ray  diffraction  (XRD)  were  utilized  to  characterize 
the  morphology,  volume  fraction,  composition,  and  crystallography  of  individual  phases  in  the 
micro  structure.  The  fracture  toughness  of  the  composites  was  characterized  by  three-point  bend¬ 
ing  and  compact-tension  techniques,  while  the  fracture  toughness  of  individual  phases  in  the 
in-situ  composites  was  determined  by  an  indentation  technique.  The  composition,  crystallography, 
and  volume  fraction  of  individual  phases  were  correlated  with  the  fracture-toughness  results  to 
assess  (1)  the  role  of  constituent  properties  in  the  overall  fracture  resistance  of  the  composites  and 
(2)  the  effectiveness  of  the  computational  design  approach.  The  results  indicated  that  the  effects 
of  alloy  addition  and  plastic  constraint  on  fracture  toughness  were  reasonably  predicted,  but  the 
conditions  for  relaxing  plastic  constraint  to  attain  higher  fracture  toughness  were  not  achieved. 


L  INTRODUCTION 

NB-BASED  in-situ  composites  are  multiphase  alloys 
that  contain  an  Nb  (bcc)  solid- solution  phase  and  brittle 
intermetallic  phases  such  as  silicide  and  Laves  phases.1 1-1 2] 
Depending  on  the  alloy  composition,  as  many  as  four  sili¬ 
cide  (Nb5Si3,  Nb3Si,  Ti5Si3,  and  Ti3Si)  and  two  Laves 
phases  (Cl 4  and  C15  NbCr2)  in  alloyed  forms  can  exist 
in  the  microstructure.  [4"6,9_12]  NbCr2  is  normally  C15  at 
ambient  temperature,  but  transforms  to  C14  when  alloyed 
with  —2  at  pet  Si  or  greater.[12]  The  silicide  and  Laves 
phases  are  intended  for  providing  high-temperature  creep 
and  oxidation  resistance,  while  the  Nb  solid  solution  (Nb55) 
is  intended  to  improve  the  ambient-temperature  fracture 
resistance.  Extensive  research  has  demonstrated  that  alloy 
additions  can  impart  fracture  resistance  in  the  Nb  solid- 
solution,  silicide,  and  Laves  phases. [4"11,13_20]  The  large 
number  of  potential  alloying  elements,  however,  makes  the 
discovery  of  beneficial  alloy  additions  a  daunting  task  if 
undertaken  via  empirical  means. 

There  is  considerable  interest  in  developing  computa¬ 
tional  tools  for  designing  materials  with  a  desired  com¬ 
position,  microstructure,  and  performance.  For  designing 
against  brittle  fracture,  some  investigators[21,22,23]  have 
focused  on  alloy  effects  on  the  unstable  stacking  energy[24] 
and  the  crack-tip  dislocation-emission  process,  while  oth- 
ersU7, 25-29]  kaye  emphasized  the  influence  of  alloying  addi¬ 
tions  on  the  Peierls-Nabarro  (P-N)  barrier  energy [30,31] 
and  the  mobility  of  dislocations  moving  away  from  the 
crack  tip.  A  computational  design  approach  had  been  devel¬ 
oped  to  identify  toughening  or  embrittling  elements  on  the 
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basis  of  the  P-N  barrier  energy. [1 9,25,261  For  enhancing  frac¬ 
ture  toughness  and  ductility,  beneficial  alloy  additions 
include  Ti,  Hf,  and  Zr,  while  detrimental  alloying  elements 
include  Cr,  Al,  Mo,  W,  and  Re.t261  In  this  investigation, 
a  computer-assisted  alloying  approach  was  used  to  design 
Nb-based  in-situ  composites,  with  the  aim  of  achieving 
a  balance  in  properties  of  creep,  oxidation,  and  fracture 
resistance.  In  particular,  computational  models[25,26,32“341 
were  used  to  predict  alloy  compositions  based  on  three 
considerations:  (1)  the  desired  Nb  solid-solution  alloy, 
(2)  the  volume  fraction  of  intermetallics,  and  (3)  the  prop¬ 
erties  of  candidate  Nb-based  in-situ  composites.  The  can¬ 
didate  alloys  selected  by  the  computational  approach  were 
fabricated  by  arc  melting  into  cast  buttons.  The  microstruc¬ 
ture,  fracture,  and  oxidation  properties  were  then  charac¬ 
terized.  The  experimental  results  were  used  to  assess  the 
predictive  capability  of  the  computational  design  approach 
and  to  identify  potential  areas  for  model  improvement. 
In  this  article,  the  design  of  the  alloy  composition,  the  fab¬ 
rication,  and  the  characterization  of  fracture  properties  of 
individual  constituent  phases  and  the  Nb-based  in-situ 
composites  are  reported.  The  experimental  results  on  the 
oxidation  resistance  and  oxidation  modeling  are  to  be 
published  in  a  companion  article  elsewhere, [34]  while  mod¬ 
eling  of  the  creep  resistance  of  the  Nb-based  in-situ 
composites  was  published  earlier.1331 


II.  DESIGN  OF  CANDIDATE  NB-BASED 
IN-SITU  COMPOSITES 

The  design  of  candidate  materials  started  with  a  review 
of  the  oxidation  data  of  Nb-based  in-situ  composites  in 
the  literature.  Additional  oxidation  data  of  General  Electric 
(GE)  alloys  were  obtained  from  the  GE  Global  Research 
Laboratories  (Schenectady,  NY).[35]  The  composition  of  the 
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Table  L  Compositions  of  Nb-Based  Alloys  (in  Atomic 
Percent)  and  Volume  Percents  of  Silicide,  Laves, 
and  Nbss  Constituent  Phases  Targeted 


Targeted  Compositions  Constituent  Phase 

(At  Pet)  (Vol.  Pot) 


Laves 


Alloy 

Nb 

Ti 

Hf 

Cr 

Si 

Ge 

Silicide 

Phase 

Nb« 

Nbx 

61 

28 

4 

3 

1 

3 

0 

0 

100 

Ml 

45.5 

22,5 

4 

13 

10 

5 

20 

20 

60 

M2 

34,5 

22,5 

4 

16 

18 

5 

30 

30 

40 

AX 

40.5 

22.5 

4 

13 

15 

5 

30 

20 

50 

Clp 

20.3 

10 

4 

45 

20 

0.7 

0 

100 

0 

Nb  matrix  in  the  most-oxidation-resistant  in- situ  compos¬ 
ites  in  the  data  set  were  identified.  This  information  was 
used  as  input  to  a  composite-design  computer  code,  which 
is  still  under  development  at  Southwest  Research  Institute, 
to  compute  the  P-N  barrier  energy,30,31,36,371  tensile  ductil¬ 
ity,  and  fracture  toughness  for  ambient  temperature.  Based 
on  these  results,  the  compositions  of  candidate  in-situ  com¬ 
posites  in  atomic  percent  were  selected  and  are  shown  as 
Nbss  in  Table  I. 

The  fracture  toughness  and  the  creep  strength  (at  1200  °C) 
of  in-situ  composites  containing  the  candidate  Nb  solid 
solution  were  then  computed  as  a  function  of  volume  per¬ 
cents  of  silicides  using  the  methods  developed  earlier.32,331 
These  results  were  normalized  by  the  target  properties 
(KIC*  —  25  MPaVm"  at  ambient  temperature  and  crc*  =  150 
MPa  at  1200  °C).  Figure  1  indicates  that  the  fracture  tough¬ 
ness  and  creep  properties  can  be  achieved  when  the  vol¬ 
ume  percent  of  silicides  is  32  to  47  pet. 

Computation  of  metal  recession  using  the  oxidation  model1341 
indicated  that  the  oxidation-resistance  goal  (XR*  <  25  /xm 
after  100  hours  at  1200  °C,  where  XR*  is  the  maximum  reces¬ 
sion)  could  not  be  achieved  if  Nb205  and  Si02  form  on  the 
matrix  and  silicides,  respectively.  The  oxidation  goal  could 
be  attained  with  the  formation  of  a  continuous  Si02  layer,  but 
it  would  be  difficult  to  achieve  because  of  the  low  solubility 
of  Si  (<2  pet)  in  the  Nb  solid  solution.  Because  of  this,  the 
strategy  used  to  achieve  the  oxidation  goal  was  to  select  alloy 
compositions  that  would  induce  the  formation  Cr203  on  the 
Nb  solid  solution  and  Si02  on  the  silicides.  This  approach 
was  selected  since  the  oxidation  model  of  Wang  et  ai[3B]  sug¬ 
gested  that  it  might  be  possible  to  induce  the  formation  of  a 
continuous  Si02  layer  beneath  the  Cr203  layer  formed  on 
the  Nb  solid  solution,  if  the  silicide  and  Laves  phases  are  in 
the  form  of  small  disks  or  spheres. 

Based  on  the  previous  considerations,  we  selected  the 
composites  AX,  Ml,  and  M2  for  further  studies,  whose 
compositions  are  shown  in  Table  I  along  with  the  com¬ 
positions  of  the  solid-solution  alloy  (Nbx)  and  the  Laves 
alloy  (Clp).  The  Nbx  alloy  was  intended  to  be  the  Nb 
solid-solution  phase;  unfortunately,  small  amounts  (^6 
to  9  vol  pet)  of  a  low-temperature  Ge-rich  intermetallic 
phase  formed  along  the  grain  boundary.  In  contrast,  the 
composition  of  the  Clp  alloy  was  chosen  to  give  a 
microstructure  of  100  pet  C14  Laves  phase.  In  the  other 
alloys,  the  target  for  the  volume  percent  of  silicide  ranged 
from  20  to  30  pet,  and  the  same  ranges  were  expected 


Volume  Percent  of  Silicides,  % 

(b) 


Fig.  1 — (a)  Optimization  of  creep  and  fracture  resistance  and  { b )  oxidation 
resistance  of  Nb-based  in-situ  composites  by  controlling  the  volume  frac¬ 
tion  of  silicides. 


for  the  C14  Laves  phase  based  on  incomplete  ternary- 
phase  diagrams  available  at  the  time.  The  total  volume 
percent  of  silicide  and  Laves  phases  was  expected  to  range 
from  40  to  60  pet,  which  exceeds  the  fracture-toughness 
range  shown  in  Figure  1.  Thus,  some  alloys  are  shown  not 
to  meet  the  Kc  requirement  (e.g.,  AX  and  M2),  but  these 
alloys  should  manifest  higher  creep  and  oxidation  resis¬ 
tance  compared  to  other  alloys  (e.g.,  Ml  and  Nbx).  These 
microstructures  should  provide  a  sufficiently  wide  range 
of  properties  for  a  systematic  evaluation  of  the  computa¬ 
tional  design  models. 


HI.  EXPERIMENTAL  PROCEDURE 

A.  Material  Fabrication 

One  76-mm-diameter  cast  button,  each,  was  fabricated  for 
alloys  AX,  Ml,  M2,  Nbx,  and  the  C14  Laves-phase  alloy  (Clp). 
The  cast  buttons  were  made  by  arc  melting  in  a  high-purity 
argon  atmosphere  at  Pittsburgh  Materials  Technology  (PMT). 
Each  of  the  buttons  was  remelted  6  times  to  ensure  chemical 
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Table  II.  The  Actual  Chemical  Composition  and  Interstial 
Contents  of  Various  Nb-Base  In-Situ  Composites 


Alloy 

Compositions 
(At.  Pet) 

Interstial  Contents 
(Wt.  Ppm) 

Nb 

Ti 

Hf 

Cr 

Si 

Ge 

C 

N 

O 

Nbx 

62.7 

26.6 

4.2 

2.5 

1.0 

3.0 

<100 

62 

210 

Ml 

46.3 

22.2 

4.4 

12.3 

9.7 

5.1 

<100 

34 

320 

M2 

35.8 

22.5 

4.0 

15.6 

17.3 

4.8 

100 

26 

220 

AX 

41.3 

22.4 

3.9 

12.5 

14.8 

5.1 

100 

60 

220 

UES-AX 

41.2 

23.0 

4.7 

11.2 

15.2 

4.7 

100 

36 

280 

CNG-1B* 

48.7 

21.5 

2.0 

6.7 

9.0 

4.7 

200 

44 

320 

*Also  contained  3.5  Pet  Fe,  2.6  Pet  Al,  and  1.3  Pet  Sn. 

homogeneity.  All  buttons  were  cast  successfully,  except  Clp; 
the  C14  Laves-phase  alloy  exhibited  an  inhomogeneous 
microstructure  and  significant  cracking  upon  cooling. 

Besides  the  PMT-cast  buttons,  cast  bars  of  alloy  AX  and 
an  alloy  (CNG-1B)  that  contained  Al,  Fe,  Sn,  and  B  in  addi¬ 
tion  to  Ti,  Hf,  Cr,  Si,  and  Ge,  were  supplied  by  the  United 
States  Air  Force  Research  Laboratory  (AFRL  Wright-Patterson 
Air  Force  Base,  Dayton,  OH)  through  UES  (Dayton,  OH).[39] 
The  actual  chemical  compositions  of  the  various  alloys  are 
summarized  in  Table  II,  which  indicates  that  the  actual  com¬ 
positions  of  the  alloys  are  close  to  the  target,  and  the  inters¬ 
tial  contents  are  low  in  all  alloys. 

Coupon  specimens  were  cut  from  the  cast  materials  and 
then  heat  treated.  One  set  of  specimens  was  heat  treated 
at  1350  °C  for  100  hours  in  a  flowing  argon  environment 
and  then  furnace  cooled  (FC),  while  another  set  was  heat 
treated  at  1350  °C  for  24  hours  and  FC  under  a  similar 
environment.  The  UES-AX  material  was  hot-iso  statically 
pressed  (hipped)  at  1350  °C  under  a  pressure  of  207  MPa 
for  6  hours  before  it  was  heat  treated  (1350  °C/100 
hours/FC).  The  CNG-1B  alloy  received  the  same  heat  treat¬ 
ment  (1350  °C/100  hours/FC),  but  it  was  subsequently 
hipped  at  1420  °C  under  207  MPa  pressure  for  6  hours 
and  FC. 

B.  Characterization  of  Microstructures 

Backscattered  electron  (BSE)  microscopy  was  used  to 
characterize  the  microstructures  of  various  Nb-based  in-situ 
composites.  Figure  2  shows  the  microstructure  of  the  vari¬ 
ous  materials  heat  treated  at  1350  °C/100  hours.  Because 
of  atomic-number  contrast,  Nb-based  solid  solution  appeared 
as  the  light  phase,  Nb-rich  silicides  (Nb5Si3  and  Nb3Si) 
appeared  as  the  medium-dark  or  gray  phase,  and  the  Laves 
phase  (C14)  appeared  as  the  dark  phase  in  the  BSE  images. 
Ti-rich  silicides  (Ti5Si3  and  Ti3Si)  and  Hf  particles  were 
occasionally  detected,  and  they  appeared  as  one  of  the  light 
phases  in  the  BSE  micrographs. 

Using  BSE  micrographs,  quantitative  metallography  was 
used  to  determine  the  volume  fractions  of  silicides  (Nb5Si3, 
Nb3Si,  Ti5Si3  and  Ti3Si),  Laves  phases,  and  Nb-based  solid 
solution.  Since  Ti-rich  silicides  and  Hf  particles  sometimes 
appeared  as  a  light  phase  in  the  BSE  images,  the  volume 
fraction  of  Nb  solid  solution  might  be  overestimated  due  to 
the  presence  of  Ti-rich  Ti5Si3  and  Hf  particles,  but  the  error 
was  expected  to  be  small  because  both  Ti5Si3  and  Hf  parti¬ 
cles  were  detected  only  occasionally.  Summaries  of  the  chem¬ 


ical  compositions  and  volume  fractions  of  constituent  phases 
(silicides,  Laves  phase,  and  Nb  solid  solution)  in  the  vari¬ 
ous  materials  are  presented  in  Tables  El  and  IV,  respectively. 

The  compositions  of  individual  phases  in  individual 
Nb-based  in-situ  composites  were  determined  by  energy- 
dispersive  spectroscopy  (EDS)  performed  on  selected  grains. 
Some  of  these  grains  had  been  indented  to  measure  the  frac¬ 
ture  toughness  using  the  Vickers  indentation  technique.  Fur¬ 
thermore,  the  crystal  structure  of  individual  phases  in  the 
composites  was  identified  by  X-ray  diffraction  (XRD)  and 
by  comparing  the  diffraction  peaks  against  published  stan¬ 
dards.  After  fracture  testing,  the  fracture  surfaces  were  char¬ 
acterized  by  a  scanning  electron  microscope  (SEM)  operated 
in  the  secondary-electron  mode. 

C.  Fracture-Toughness  Testing 

The  fracture  toughness  of  individual  composites  was 
determined  by  three-point  bending  of  notched  specimens. 
The  specimen  dimensions  were  40  mm  in  length,  6  mm 
in  width,  and  3  mm  in  thickness,  with  a  3-mm  notch 
fabricated  by  electrodischarge  machining  (EDM).  Frac¬ 
ture-toughness  testing  was  performed  at  25  °C  using  a  load¬ 
ing  rate  of  60  N/s,  and  the  applied  load  was  measured  as 
a  function  of  displacement.  The  peak  load  was  used  to 
compute  the  fracture  toughness  using  the  analysis  described 
in  the  ASTM  standard. [40]  Triplicate  specimens  were  tested 
for  the  as -cast  alloys,  which  showed  relatively  small  scat¬ 
ter;  consequently,  a  single  test  was  performed  on  most  of 
the  heat-treated  specimens. 

Compact-tension  specimens  with  a  fatigue  precrack  were 
also  used  to  determine  the  fracture  toughness  of  individual 
alloys.  The  specimen  dimensions  were  20  mm  in  width, 
19  mm  in  height,  and  4.8  mm  in  thickness.  The  specimens 
were  fabricated  by  EDM  and  contained  a  notch  of  7.14  mm 
in  length.  Fatigue  cracks  were  introduced  at  25  °C  by  cyclic 
loading  at  an  R  ratio  of  0.1,  where  R  is  the  ratio  of  the  min¬ 
imum  to  maximum  load.  After  precracking,  fracture-toughness 
testing  was  performed  at  25  °C  in  an  SEM  equipped  with  a 
loading  stage. [41]  The  near-tip  region  was  first  photographed 
at  a  stress-intensity  factor  ( K)  of  about  5  MPaVnT.  Subse¬ 
quently,  the  K  level  increased  by  1  MPaVnT,  and  the  near¬ 
tip  region  was  photographed  again  in  order  to  identify  the 
fracture  process  and  follow  the  crack  path.  This  process  was 
repeated  until  final  fracture  of  the  specimen  occurred.  Crack 
extension  at  each  K  increment  was  measured  from  the  near¬ 
tip  photographs,  and  the  X-resistance  curve  was  obtained  by 
plotting  K  as  a  function  of  crack  extension. 

In  addition,  the  fracture  toughness  of  the  constituent 
phases  in  individual  alloys  was  determined  at  25  °C  by 
the  Vickers  indentation  technique. [421  A  Vickers-hardness 
indent  was  made  in  the  phase  of  interest  using  a  small 
indentation  load.  The  load  was  selected  such  that  it  was 
large  enough  to  produce  indentation  cracks  but  was  suf¬ 
ficiently  low  that  the  resulting  Vickers  indent  and  cracks 
resided  entirely  within  the  phase  of  interest.  For  silicide 
and  Laves  phases,  fracture  toughness  was  determined  using 
an  indention  load  of  20  or  50  g.  At  these  load  levels,  inden¬ 
tation  cracks  were  induced  in  the  Nb  solid  solution  only 
occasionally,  and  most  of  the  indents  produced  no  cracks 
at  loads  as  high  as  200  g.  After  indentation,  individual 
indents  were  photographed  in  the  SEM  using  the  BSE 
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Fig.  2 — Microstructures  of  Nb-based  in-situ  composites  heat  treated  at  1350  °C  for  100  h:  (a)  M2,  (b)  AX,  (c)  Ml,  (d)  Nbx,  (e)  UES-AX,  and  (/)  CNG-1B. 


mode.  The  chemical  composition  of  the  indented  grain 
with  microcracks  was  determined  by  energy-dispersive 
spectroscopy.  The  size  of  the  indents  and  the  corresponding 
crack  lengths  were  then  determined  from  the  BSE  pho¬ 
tographs.  These  results  were  then  used  to  obtain  the  inden¬ 
tation  fracture  toughness. 

According  to  Anstis  et  a/.,[42]  the  indentation  toughness 
(Kvc)  can  be  computed  using  the  expression  given  bv[42] 

Kvc=<f>^E/H)mP/cm  [1] 


where  E  is  the  Young’s  modulus,  H  is  the  hardness  in  units 
of  MPa,  P  is  the  indentation  load,  c  is  the  crack  length  mea¬ 
sured  from  the  apex  of  the  Vickers  indent,  and  ^  is  a 
load/boundary  correction  factor.  The  origin  of  the  load/bound¬ 
ary  correction  factor  was  investigated  by  several  investiga¬ 
tors.14243,441  These  investigations  indicated  that  the  tensile  stress 
that  caused  crack  initiation  and  growth  in  an  indentation-tough¬ 
ness  test  was  induced  under  the  indentor  during  unload¬ 
ing.42,43,441  The  manner  by  which  these  tensile  stresses  were 
induced  was  analogous  to  that  at  a  notch  root  subjected  to 
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Table  III.  The  Chemical  Compositions  and  Crystal  Structures  of  Constituent  Phases  in  Various  Nb-Based 
In-Sitii  Composites  in  the  As-Cast  and  Heat-Treated  Conditions 


Heat 

Alloy  Treatment 


M2-1 

as-cast 

Ml-1 

as-cast 

AX-1 

as-cast 

Nbx-1 

as-cast 

UES-AX 

1350  °C/100  h 

M2-3 

1350  °C/100  h 

Ml-3 

1350  °C/100  h 

AX-3 

1350  °C/100  h 

Nbx-3 

1350  °C/100  h 

CNG-1B** 

1350  °C/100  h 

Nb„  Phase  (bcc) 


Nb-20Ti-3Hf- 1 2Cr-4Ge-4Si 
Nb-24Ti-3Hf- 1 4Cr-2Ge- 1  Si 
Nb-29Ti-4Hf-3Cr-3Ge-3Si 

Nb-26Ti-3Hf-14Cr-3Ge-lSi 
Nb-23Ti-  lHf- 1 0Cr-3Ge-3Si 
Nb- 1 8Ti-lHf-10Cr-2Ge-3Si 
Nb-20Ti-  lHf- 1 0Cr-3Ge-3Si 
Nb-24Ti-3Hf-3Cr-4Ge-3Si 

Nb-21Ti-.lHf-8Cr-0.8Ge- 

0.8Si-2.6Fe-2Sn-2Al 


Silicide  Phase*  (D80 

Nb-23Ti-3Hf-4Cr-6Ge-28Si 
Nb-20Ti-4Hf-3Cr-  10Ge-25Si 
Nb-21Ti-3Hf-3Cr-8Ge-27Si 


Nb-24Ti-4Hf- 1  Cr-6Ge-29Si 
Nb-19Ti-5Hf-2Cr-7Ge-28Si 
Nb- 1 7Ti-5Hf-3Cr- 1 2Ge-23Si 
Nb- 1 8Ti-5Hf-lCr-8Ge-28Si 


Nb- 1 9Ti-2.3Hf- 1 .7Cr-9.5Ge- 
20Si-2Al- 1 . 8Fe- 1  Sn 


Laves  Phase  (Cl 4) 

Nb- 1 2Ti-4Hf-52Cr-2Ge-9Si 
Nb-10Ti-4Hf-49Cr-2Ge-9Si 
Nb-15Ti-6Hf-49Cr-2Ge-8Si 


Nb- 1 2Ti-3Hf-54Cr- 1  Ge-8Si 
Nb- 1 2Ti-4Hf-50Cr-2Ge-8Si 
Nb- 1 0Ti-4Hf-49Cr-2Ge-9Si 
Nb-1 1  Ti-4Hf-48Cr-2Ge-9Si 


Nb-15Ti-2.8Hf-3  lCr-lGe- 
8Si-2Al-15Fe-0.1  Sn 


Ge-Rich  Phase 
(Unknown) 


Nb-39Ti-6Hf- 

3Cr-9Ge-6Si 


not  determined 
Nb-28Ti-19Hf- 
0.3Cr-27Ge-10Si 


**Hipped  at  1420  °C  under  207  MPa  pressure  for  6  h. 

*Also  contained  small  amounts  of  (Ti,  Nb)5Si3  (D88  structure)  and  possibly  Nb3Si  (Ti3P  structure). 


Table  IV.  A  Summary  of  the  Volume  Percents  of  Intermetallics  and  Fracture  Toughness  Results  for  Nb-Based 
In-Situ  Composites  Determined  by  Three-Point  Bend  and  Compact  Tension  (CT)  Techniques 


Vol  Pet  Laves  Vol  Pet  Ge-Rich  Kc ,  MPaVrrT  Kc,  MPaVrn 


Alloy 

Heat  Treatment 

Vol  Pet  Nb„ 

Vol  Pet  Silicides 

Phase 

Phase 

(3-Point  Bend) 

(CT  Tests) 

M2-1 

as-cast 

0 

73 

27 

0 

8.4  ±  1.2* 

8.8 

Ml-1 

as-cast 

64 

28 

8 

0 

12.2  ±  0.7* 

_ 

AX-1 

as-cast 

20 

66 

14 

— 

10.3  ±  0.3* 

9.9 

Nbx-1 

as-cast 

91 

— 

— 

9 

22.1  ±  2.2* 

_ 

UES-AX 

1350  °C/100  h 

54 

32 

14 

— 

10.9  ±  1.4* 

11.4 

M2-3 

1350  °C/100  h 

22 

53 

25 

_ 

7.4 

_ 

Ml-3 

1350  °C/100  h 

54 

35 

11 

_ 

13.1 

_ 

Nbx-3 

1350  °C/100  h 

94 

— 

— 

6 

24.7 

_ 

AX-3 

1350  °C/100  h 

39 

40 

15 

6 

11.8 

_ 

CNG-1B** 

1350  °C/100  h 

43.6 

50.7 

5.7 

— 

6.3  ±  0.2* 

11.0 

M2-4 

1350  °C/24  h 

24.0 

48.7 

26.5 

_ 

8.7 

_ 

Ml-4 

1350  °C/24  h 

60.2 

27.9 

10 

_ 

11.5 

_ 

AX-4 

1350  °C/24  h 

50.6 

33.7 

14 

_ 

10.1 

_ 

Nbx-4 

1350  °C/24  h 

83.7 

— 

— 

16.3 

27.2 

— 

**Hipped  at  1420  °C  under  207  MPa  pressure  for  6  h. 

*  Average  of  three  tests. 


compression/compression  fatigue. [45,46,47]  In  particular,  the  ten¬ 
sile  stresses  induced  during  unloading  depend  on  the  amount 
of  inelastic  deformation  that  occurred  at  the  notch  root.  Inelas¬ 
tic  deformation  corresponds  to  plastic  flow  for  ductile 
materials, [45]  but  originates  from  microcracking  for  brittle  mate- 
rials.[46,47]  In  general,  Eq.  [1]  is  applied  to  brittle  materials,  and 
the  value  of  <j)v  was  evaluated  by  fitting  Eq.  [1]  to  a  set  of 
fracture-toughness  data  for  ceramics.[42]  Since  the  tensile  stresses 
induced  during  indentation  depend  on  inelastic  deformation 
under  the  indentor,  it  was  uncertain  whether  Eq.  [1]  was  applic¬ 
able  to  Nb-based  in- situ  composites.  Consequently,  the  frac¬ 
ture-toughness  data  of  three-point  bend  tests  were  used  to 
calibrate  Eq.  [1]  to  obtain  the  appropriate  value  for  the 
load/boundary  correction  factor  (4>v).  The  <f)v  value  was  found 
to  be  0.1168  for  Nb-based  composites,  compared  to  </>v  = 
0.016  for  brittle  ceramics. [42]  Once  <f>v  was  determined,  Eq.  [1] 
was  used  to  compute  the  Kvc  values  for  individual  phases  (sili- 
cides,  Laves  phase,  and  Nhss)  in  the  in-situ  composites. 
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IV.  RESULTS 

A.  Microstructure 

Typical  XRD  results  of  the  as-cast  materials  are  pre¬ 
sented  in  Figures  3(a)  and  (b).  Individual  phases  were 
identified  by  matching  the  characteristic  XRD  peaks 
against  the  JCPDF  standards.1 [48]  In  as-cast  M2,  the 
microstructure  was  comprised  of  alloyed  Nb5Si3,  Nb3Si, 
Ti5Si3,  and  NbCr2;  there  was  little  or  no  Nb  solid  solu¬ 
tion,  since  the  observed  XRD  peaks  did  not  match  those 
of  Nb  (Figure  3(a)).  In  alloys  Ml  and  AX,  the  microstruc¬ 
ture  contained  Nb  solid  solution,  alloyed  silicides  (Nb5Si3, 
Nb3Si,  and  Ti5Si3),  and  alloyed  NbCr2;  the  results  for  Ml 
are  shown  in  Figure  3(b).  For  alloy  Nbx,  XRD  results 
showed  only  the  Nb  solution  phase,  but  BSE  microscopy 
indicated  the  presence  of  a  Ge-rich  grain-boundary  phase 
that  was  identified  as  a  low-melting-point  metastable 
intermetallic.[49]  The  microstructures  of  the  heat-treated 

VOLUME  34A,  SEPTEMBER  2003—1837 


materials  (1350  °C/100  hours  and  1350  °C/24  hours)  were 
comprised  of  Nb  solid  solution,  alloyed  silicides  (Nb5Si3, 
Nb3Si,  and  Ti5Si3),  and  alloyed  NbCr2.  Typical  results  for 
M2  and  UES-AX,  which  were  heat  treated  at  1350  °C/100 
hours,  are  presented  in  Figures  4(a)  and  (b),  respectively. 

Compositions  of  alloyed  silicide.  Laves  phase,  and  Nbss 
in  Nb-based  in-situ  composites  are  presented  in  Figure  5. 
The  crystal  structures  of  alloyed  Nb5Si3,  Nb3Si,  Ti5Si3,  and 
NbCr2,  which  were  identified  by  matching  the  observed  dif¬ 
fraction  peaks  against  the  JCPDF  and  then  consulting  the 
corresponding  data  cards,1481  are  D8],  Ti3P,  D8g,  and  C14, 
respectively,  as  summarized  in  Table  III. 

The  phase  diagrams  for  Nb-based  in-situ  composites  con¬ 
taining  three  or  more  alloying  elements  are  generally  not  avail¬ 
able.  Fortunately,  Bewlay  and  Jackson1111  and  Zhao  et  aLim 
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recently  published  several  ternary-phase  diagrams  for  the 
Nb-Ti-Si,  Nb-Cr-Si,  and  Nb-Ti-Cr  systems  for  selected  tem¬ 
peratures  in  the  range  of  1000  °C  to  1350  °C.  Although  the 
temperature  was  sometimes  different,  these  phase  diagrams 
were  used  to  compare  with  the  experimental  data  obtained  in 
this  study  by  treating  selected  elements  as  equivalent.  For 
examples,  Ti  and  Hf  were  treated  as  equivalent  and,  similarly. 
Si  and  Ge  were  considered  equivalent.  Figures  6(a)  through 
(c),  respectively,  show  the  as-cast  alloys  in  three  pseudotemary 
phase  diagrams  for  1350  °C:  Nb-Ti(+Hf)-Si(+Ge  +  Cr), 
Cr-Nb  (+Ti  +  Hf)-Si(+Ge),  and  Nb-Ti(+Hf)-Cr(+Si  +  Ge). 
The  phase  boundaries  shown  in  Figure  6(a)  are  for  1350  °C 
and  are  taken  from  Bewlay  et  al)U]  In  Figures  6(b)  and  (c), 
the  phase  boundaries  are  for  1200  °C  and  both  are  from 
Zhao  etalSm  The  results  indicate  that  the  alloys  are  located 
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Fig.  5— Typical  compositions  of  constituent  phases  in  Nb-based  in- situ  composites:  (a)  silicide,  (b)  Laves  phase,  and  (c)  Nb„.  The  heat  treatment  was 
1350  C/100  h  for  all  specimens  except  M2-4  and  AX-4,  which  were  heat  treated  at  1350  °C/24  h.  The  grain  number  was  assigned  arbitrarily  for  plotting 
purposes  only. 


in  a  three-phase  field  containing  silicides,  Laves  phase,  and 
Nb  solid  solution,  with  the  exception  of  as-cast  M2,  which 
contained  silicides  and  Laves  phase  only.  Another  important 
observation  from  Figure  6  is  that  the  compositions  of  the  con¬ 
stituent  phases  are  similar  in  the  various  in-situ  composites, 
the  only  exception  being  Nbx,  whose  Nb  solid  solution  exhibits 
a  lower  Cr  content  (~3  at.  pet  Cr)  than  those  in  other  mate¬ 
rials  (9  to  14  at.  pet  Cr).  Thus,  the  main  difference  among  the 
various  composites  is  in  their  volume  fractions  of  the  con¬ 
stituent  phases.  The  discrepancies  observed  in  the  current  data 
and  the  phase  boundaries  in  Figures  6(b)  and  (c)  are  proba¬ 
bly  due  to  variants  in  the  temperature  of  the  phase  diagram. 
Unfortunately,  ternary-phase  diagrams  for  Cr-Nb-Si  and  Nb- 
Ti-Cr  at  1350  °C  do  not  appear  to  be  available  in  the  literature. 

B.  Fracture  Toughness 

The  fracture-toughness  values  of  Nb-based  in-situ  com¬ 
posites,  determined  by  three-point  bend  and  compact- 
tension  specimens,  are  summarized  in  Table  IV.  The  results 
are  also  plotted  against  the  volume  percent  of  intermetallics 
in  Figure  7.  In  general,  Kc  decreases  with  increasing  vol¬ 
ume  percent  of  silicide  and  Laves  phases  in  the  composite. 


Heat  treatments  varied  the  volume  percents  of  the  silicides, 
but  the  volume  percent  of  Laves  phase  remained  essentially 
unchanged  before  and  after  heat  treatment.  Despite  these 
changes,  the  fracture  toughness  was  not  significantly 
altered  by  heat  treatment,  as  shown  in  Figure  7.  The 
fracture  toughness  of  the  in-situ  composites  appears  to 
remain  constant  at  approximately  10  MPaVm  when  the 
volume  percent  of  silicides  and  Laves  phase  exceeded 
about  50  pet. 

Typical  indentation  cracks  in  Laves  phase,  silicide,  and 
Nb  solid  solution  are  shown  in  Figure  8.  The  indentation 
toughness  of  the  Laves  phase  ranged  from  2  to  5  MPaVrrT. 
In  contrast,  the  indentation  toughness  of  the  silicide  phases 
ranged  from  3  to  12  MPaVm".  The  frequency  distribution  of 
Kc  for  the  silicides  was  measured,  and  the  result  is  presented 
in  Figure  9.  Only  some  Nbss  grains  in  AX  and  UES-AX 
cracked  by  indentation,  most  of  the  Nbss  grains  in  Ml  did 
not  crack,  and  none  in  the  Nbx  cracked  by  indentation.  Since 
the  Nb  solid-solution  Nbx  did  not  crack  under  indentation, 
only  the  minimum  values  of  the  indentation  toughness  could 
be  estimated,  and  they  ranged  from  22  to  32  MPaVm 
(Figure  10).  The  actual  toughness  of  the  Nb  solid  solu¬ 
tion  in  Nbx  exceeded  these  minimum  values. 
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M2 

N  :  Nb-rich  MfiSi(Ge,Cr)3  (D8t) 

▲ 

Ax 

T ;  Ti-rich  M£Si{Ge,Cr}3  (D8e) 

■ 

UES-Ax 

3 :  M3Si(GetCrHT*3P) 

♦ 

Ml 

M  :  Nb(TI.  Hf.  Cr,  Si,  Ge) 

▼ 

Nbx 

solid  solution 

Si{+Ge+Cr) 


N[j  0  10  20  30  40  50  60  TO  80  90  100  fl  (+Hf) 
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Si  (+  Ge) 
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Cr  (*  Si  +  Ge) 
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Fig.  6— Pseudotemary  phase  diagrams  illustrate  the  phase  relations  in  Nb-based  in-situ  composites  at  1350  °C:  (a)  Nb-Ti(+Hf)-Si(+Ge  +Cr),  (b)  Cr- 
Nb(+Ti  +  Hf)-Si(+Ge),  and  (c)  Nb-Ti(+Hf)-€r(+3i  +  Ge).  A  pseudotemary  Nb-Ti-Si  phase  diagram  is  shown  in  (a)t  where  (+Hf)  designates  that  Hf  is 
added  to  the  Ti  value  and  (+Ge  +  Cr)  indicates  that  Ge  and  Cr  are  added  to  the  Si  value.  Similar  conventions  are  used  (b)  for  Cr-Nb-Si  and  (c)  for  Nb- 
Ti-Cr.  Solid  lines  are  phase  boundaries  from  the  literature.01*121  Open  symbols  are  compositions  determined  on  individual  phases  in  the  in-situ  composites. 
Closed  symbols  are  nominal  compositions  of  the  composites. 


Fig.  7 — Fracture  toughness  (Kc)  decreases  with  increasing  volume  per¬ 
cent  of  intermetallics  (Ge-rich  phase,  silicides,  and  Laves  phases). 


Fracture  testing  using  compact- ten  si  on  specimens  indi¬ 
cated  that  the  M2,  AX,  UES-AX,  and  CNG-1B  alloys  exhib¬ 
ited  small  amounts  of  stable  crack  growth  and  very'  flat  KR 
curves.  The  fracture  process  in  as-cast  M2  is  summarized 
in  the  BSE  images  of  the  crack-tip  region  in  Figures  11(a) 
through  (d).  At K~  5  MPaVm .  microcracks  formed  ahead 
of  the  main  crack  due  to  cracking  of  the  Laves  phase  (dark) 
and  Ti-rich  silicides  (light  gray),  as  shown  in  Figure  11(a). 
The  microcracks  opened  up  at  K  =  6  MPaVm,  but  did  not 
extend.  At  K  =  7  MPaVm,  some  of  the  microcracks  linked 
tip,  and  a  new  microcrack  nucleated  in  a  Nb-rich  silicide 
grain  (gray  phase)  located  ahead  of  the  crack  tip  (Figure 
11(b)).  At  K  -  8  MPaVm,  the  main  crack  linked  up  with  a 
few  microcracks,  but  a  larger  microcrack  extended  unstably 
over  a  distance  of  —290  fjm  (Figure  11(c)).  The  new  crack 
tip  at  K  —  8  MPaVm  is  shown  in  Figure  11(d).  Loading  to 
K  =  8.5  MPaVm  caused  the  main  crack  to  extend  through 
a  few  Nb-rich  silicide  grains.  Furthermore,  additional  micro- 
cracks  were  nucleated  ahead  of  the  main  crack.  Most  of  the 
microcracks  initiated  in  the  Laves  grains  (dark),  which 
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Fig.  8 — Indentation  cracks  in  constituent  phases  in  Nb-based  in-situ  composites:  {a)  Laves  phase  in  M2-3  (50-g  load,  K  =  5  MPaVm),  ( b )  silicide  in 
CNG-1B  (50-g  load,  K  =  7  MPaVm),  (c)  silicide  solid  solution  in  M2-3  (25-g  load,  K  =  7  and  13  MPaVm),  and  ( d)  Nb  solid  solution  in  Nbx-3  (25-g 
load,  no  crack,  K  >  28  MPaVm). 


Fig.  9 — Frequency  distribution  of  the  indentation  fracture  toughness  ( Kvc ) 
of  constituent  silicide  phases  in  Nb-based  in-situ  composites. 


subsequently  propagated  into  and  arrested  in  Nb-rich  silicides. 
A  further  increase  in  load  led  to  unstable  crack  propagation 
at  K  =  8.8  MPaVm. 

The  fracture  processes  in  alloys  containing  Nb„  exhibited 
only  small  amounts  of  ductile-phase  toughening.  In  as-cast 
AX,  the  main  crack  and  microcracks  were  often  blocked 
or  trapped  by  Nbss  particles,  as  shown  in  Figure  12(a)  for 
K  =  8  MPaVm .  The  main  crack  ^however,  penetrated  into 
the  Nb„  particle  at  K  =  8  MPaVm  (Figure  12(b))  and,  sub¬ 
sequently,  linked  up  with  the  microcrack,  causing  unstable 
fracture  at  K  =  9.9  MPaVm .  Crack  bridging  by  Nbvv  particles 
was  also  observed  in  heat-treated  UES-AX  (1350  °C/100 
hours).  Figure  13(a)  shows  the  bridged  crack  at  K  = 
1  MPaVuL  Increasing  the  K  levels  incrementally  to  8  and 
9  MPaVm  caused  the  crack  to  open  up  without  lengthen¬ 
ing.  At  K  =  10  MPaVm  the  main  crack  propagated  into 
a  Laves  grain  (dark)  and  a  Nb-rich  silicide  grain  (gray), 
as  shown  in  Figure  13(b).  At  K  =  11  MPaVm,  the  main 
crack  propagated  across  several  silicide  and  Laves  grains, 
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Fig.  10 — Frequency  distribution  of  the  indentation  fracture  toughness  (Kvc) 
contents  and  (b)  low  Ti  and  high  Cr  contents. 


(b) 


the  Nb  solid  solution  phase  in  in-situ  composites:  (a)  high  Ti  and  low  Cr 


sometimes  along  grain  boundaries.  A  subsequent  increase 
in  the  applied  load  led  to  unstable  fracture  at  K  =  11.4 
MPaVm. 

In  CNG-1B,  the  crack  tended  to  follow  the  silicide  phase. 
At  lower  K  levels,  the  crack  was  seen  to  arrest  at  or  within 
an  Nbss  grain.  The  main  crack,  however,  was  able  to  get 
around  the  more  ductile  Nb,,  grains  by  crack  reinitiation  or 
deflection.  Figure  14(a)  illustrates  the  reinitiation  of  a  micro¬ 
crack  in  a  silicide  grain,  located  ahead  of  the  trapped  initial 
crack  at  K  =  6  MPaVm.  In  contrast.  Figure  14(b)  shows 
that  the  main  crack  changed  its  path  to  follow  the  silicide 
phase  by  deflecting  to  propagate  around  the  Nb„  obstacles 
at  K  —  8  MPaVm,  Consequently,  the  crack  path  follows 
mostly  the  silicide  phase  at  K  =  9  MPaVm.  (Figure  14(c)), 
resulting  in  the  absence  of  ductile-phase  toughening  and  a 
flat  Kr  curve, 

V*  DISCUSSION 

A.  Microstructure 

The  characteristic  diffraction  peaks  of  Nb  are  close 
to  those  of  the  silicides  (Nb5Si3,  Nb3Si,  and  Ti5Si3),  Con¬ 
sequently,  considerable  amounts  of  effort  were  spent  on 
the  EDS  of  individual  light  phases  in  the  BSE  mode,  to 
confirm  the  XRD  result  that  the  Nb,,  did  not  exist  in  the 
as-cast  M2  alloy.  More  than  40  light  and  gray  grains  were 
examined,  and  they  were  all  silicides.  The  Nb,,  can  be  eas¬ 
ily  identified  by  its  low  Si  content  (1  to  3  pet),  while  the 
silicides  are  typically  rich  in  Si  (27  to  30  pet).  The  Laves 
phases  contain  typically  about  8  to  9  pet  Si  and  are  high  in 
Cr  (47  to  53  pet).  In  CNG-1B,  Cr  in  the  Laves  phase  is  par¬ 
tially  replaced  by  Fe.  Thus,  Cr  and  Fe  may  be  considered 
similar,  if  not  equivalent.  Based  on  the  XRD  and  EDS 
results,  the  authors  are  confident  that  the  as-cast  M2  con¬ 
tained  little  or  no  Nb„  in  the  microstructure.  Nb,,,  however, 
existed  in  the  heat-treated  materials.  The  volume  fractions 
of  the  Laves  phase  are  approximately  the  same  in  all  alloys 
before  and  after  heat  treatments;  thus,  the  Nb„  formed  at 


the  expense  of  mostly  the  silicides  during  heat  treatment 
at  1350  °C.  Since  Nb„  contains  10  to  14  pet  Cr  and  1  to 
3  pet  Si,  while  the  silicides  contain  1  to  3  pet  Cr  and  25  to 
29  pet  Si,  repartitioning  of  Cr  and  Si  in  the  Nb„,  silicide, 
and  Laves  phase  must  have  occurred.  The  repartitioning 
process  of  these  elements  is  not  understood,  but  it  could 
have  involved  dissolution  of  the  Laves  phase  and  minor 
changes  in  the  volume  fraction  of  the  Laves  phase.  The  var¬ 
ious  silicides  and  Laves  phases  and  their  compositions 
observed  in  the  present  in-situ  composites  are  generally 
consistent  with  those  identified  by  researchers  at  the 
AFRL[4’9,I0]  and  GE  Global  Research  Laboratories.15,681 1,121 
The  C14  Laves  phase  is  mainly  the  result  of  the  stabiliza¬ 
tion  of  this  phase  by  Si. [1 1,123  It  should  also  be  noted  that 
Ti  partitions  in  the  Nb,„  Laves  phase,  and  silicides.  The 
solubility  of  Ti  in  the  Nb,,  in  the  in-situ  composites  appears 
to  have  a  range  of  18  to  26  pet,  while  it  is  about  18  to  22  pet 
in  Nb-rich  silicides  but  is  26  to  28  pet  in  Ti-rich  silicides. 
The  Cr  content  in  the  Nbss  was  expected  to  be  about  3  at 
pet J1 1,121  This  level  of  Cr  content  was  observed  in  the  Nbx 
alloy  only.  For  other  alloys,  the  Cr  content  in  the  Nb,,,  phase 
was  in  the  9  to  14  at.  pet  range.  Si  and  Ge  additions  appeared 
to  increase  the  Cr  solubility  in  the  Nb,,  phase.  Unfortu¬ 
nately,  this  high  level  of  Cr  significantly  reduced  the  frac¬ 
ture  toughness  of  the  Nb,,  phased17,251 

B.  Alloying  Effects 

The  fracture  toughness  of  Nb  solid-solution  alloys  is 
known  to  depend  on  the  Ti  content.1 17,251  A  correlation 
between  Kc  and  Ti  content  has  been  established  in  an  earlier 
study.[251  The  fracture  toughness  and  Ti  content  of  the  Nb„ 
phase  in  individual  composites  are  compared  against  the 
experimental  data  and  the  established  relation  of  Nb  solid- 
solution  alloys  in  Figure  15.  The  comparison  indicates  that 
there  is  reasonable  agreement  between  the  fracture  tough¬ 
ness  of  individual  Nb,,  particles  in  the  in-situ  composites 
and  those  obtained  for  bulk  materials  with  equivalent 
Ti  contents.  The  exception  is  Nbx,  whose  fracture  tough- 
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(d)  (e) 


Fig.  11^-Near-tip  fracture  processes  observed  in  as-cast  M2:  (a)  5  MPaVm,  (b)  1  MPaVm,  (c)  8  MPaVm,  (d)  8  MPaVm,  new  crack  tip,  and  (e)  8.5 
MPaVm.  The  light  phase  is  (Ti,  Nb)5Si3  (D88);  the  gray  phase  is  (Nb,  Ti)5Si3  (D8,);  and  the  dark  phase  is  C14  Laves  phase.  Notch  on  the  left;  and  crack 
growth  from  left  to  right. 


ness  of  the  Nbss  phase  could  not  be  determined  accurately 
by  the  indentation  technique,  because  indentation  cracks 
could  not  be  induced.  Because  of  the  lack  of  indent  cracks, 
the  deduced  fracture-toughness  values  for  the  Nbss  phase 
Nbx  are  minimum  values,  and  they  are  not  shown  in  Fig¬ 
ure  15.  The  experimental  data  are  compared  against  the 
empirical  fit  (dashed  line)  developed  earlier,  ^  as  well  as 
against  computed  values  based  on  a  thermally  activated 
slip  model.  For  elastic-plastic  fracture, 

=  +  Jp  [2] 

where  Js  and  Jp,  the  J  integrals  contributed  by  elastic  and 
plastic  processes  during  fracture,  respectively,  are  given  by[17] 

Js  =  2y5  [3] 


and 


Jp  =  /0exp 


u P-Nb2 
kT 


[4] 


where  J0  is  a  constant  at  a  constant  T  and  J0  =  5  X  104  J/m2 
for  298  K;  b  is  the  magnitude  of  the  Burgers  vector;  C/P_N  is 
the  Peierls-Nabarro  barrier  energy;  k  is  Boltzmann’s  constant; 
and  T  is  the  absolute  temperature.  Equations  [3]  and  [4]  can 
be  summed  to  give  Eq.  [2],  leading  to 


Kc 


E(JS  +  JP) 

(1  -  v2) 


[5] 
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Fig.  12 — Crack-tip  interactions  with  Nb„  particles  in  as-cast  AX:  (a)  crack- 
tip  trapping  by  NbJS  at  K  =  8  MPaVm*  and  (b)  crack-tip  penetration  into 
an  Nbss  particle  at  K  =  9  MPaVm  The  light  phase  is  NbJ5;  the  gray  phase 
is  (Nb,  Ti)5Si3  (DSi);  and  the  dark  phase  is  C14  Laves  phase. 


Fig.  13 — Crack  bridging  by  Nbss  particles  in  heat-treated  UES-AX 
(1350  °C/100  h):  (a)  bridged  crack  at  K  =  7  MPaVm,  and  (b)  crack  exten¬ 
sion  into  Laves  and  Nb^  grains  as  K increased  to  10  MPaVm.  The  light  phase 
is  Nbss;  the  gray  phase  is  silicide;  and  the  dark  phase  is  C14  Laves  phase. 


Fig.  14 — The  crack  path  follows  mostly  the  silicide  phase  in  the  CNG-1B  alloy:  (a)  crack  reinitiation  in  a  silicide  when  the  main  crack  is  trapped  by  an  NbJS 
grain  at  K  =  6  MPaVm,  (b)  crack  deflection  around  an  NbiS  grain  and  into  silicide  phase  at  K  =  8  MPaVm,  and  (c)  microscopic  view  of  the  crack  path  at 
K  =  9  MPaVm.  Notch  on  the  left.  Crack  growth  from  left  to  right.  The  light  phase  is  Nb,,,  the  gray  phase  is  silicide,  and  the  dark  phase  is  Laves  phase. 
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Fig.  15 — Fracture  toughness  ( Kc )  of  Nb  solid  solution  alloys  as  a  phase  in 
composites  and  as  a  function  of  the  ratio  of  surface  energy,  ys,  to  the  P-N 
barrier  energy,  t/P„N.  Empirical  fit  was  from  Chan.t251 
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Fig.  16 — Fracture  toughness,  unstable  stacking  energy  (yM5),  P-N  barrier 
energy  (f/P_N),  and  crystal  structure  of  Laves  phase  as  a  function  of  Si  and 
Ge  addition. 


for  plane-strain  fracture  in  isotropic  materials  with  a 
Young’s  modulus,  (E)  and  Poisson’s  ratio,  O).  The  solid 
line  in  Figure  15  shows  the  computed  Kc  as  a  function  of 
Ts/^p-n  for  Nbss  using  Eq.  [3]  through  [5]  and  ys  =  2  J/m2, 
J0  =  5  X  104  J/m2  and  b2/k7  =  20  Since  ys  =  constant,  Kc 
varies  with  I/P_N;  thus,  the  dependence  of  Kc  can  be  ratio¬ 
nalized  and  treated  as  a  manifestation  of  thermally  acti¬ 
vated  slip. 

NbCr2  has  a  Cl 5  (cubic)  crystal  structure  and  a  fracture 
toughness  of  about  1  MPaVm  at  ambient  temperature.17,8,201 
As  shown  in  Figure  16,  a  small  (>2  at.  pet)  addition  of 
Si  4-  Ge  changes  C15  NbCr2  to  C14  (hexagonal),  which  is 
normally  stable  only  at  elevated  temperatures.  In  addition, 
the  Si  and  Ge  addition  improves  the  fracture  toughness  of 
NbCr2  from  1  MPaVm 1 7,8,201  to  about  2  to  5  MPaVm .  Com¬ 
putations  of  unstable  stacking  energy  and  P-N  barrier  energy 
were  performed  for  deformation  of  C 15  by  synchroshear[50] 
of  a  pair  of  1/6  <21 1>  partial  dislocations  on  a  { 1 1 1 }  plane 
in  C15  and  C14.[51]  These  results  indicated  that  yus  =  4.36 
J/m2  and  [/P_N  =  4.42  for  synchroshear  in  C15.[51]  In  con¬ 


trast, =  2.24  J/m2  and  UP_N  -  0.43  J/m2  for  {0001}l/3 
<1010>  synchroshear  in  C14,  because  of  a  more  favor¬ 
able  ratio  of  the  slip-plane  separation  to  the  Burgers  vec¬ 
tor  (dl b).  The  lower  values  of  yus  and  t/P_N  suggest  that 
dislocation  glide  or  twinning  by  synchroshear  may  be  eas¬ 
ier  in  the  C14  than  in  the  C15  Laves  phase.  Consequently, 
a  Si  or  Ge  addition  to  NbCr2  should  improve  the  fracture 
resistance  when  C14  phase  is  stabilized,  as  observed 
experimentally. 

Nb5Si3  can  exist  in  either  the  D8m  or  D8i  crystal  struc¬ 
tures;  both  are  bet  phases  whose  deformation  mecha¬ 
nisms  are  still  unknown.  On  the  other  hand,  Ito  et  al.[52] 
identified  <100>{012},<100>(001),  1/2<1 1 1>{  1 10), 
and  <110>(001)  as  possible  slip  systems  in  Mo5SiB2 
(T2  phase,  D8i  structure).  Experimental  evidence,  how¬ 
ever,  indicates  that  [001]  (010)  is  the  operative  slip  system 
in  the  T2  phase  at  1500  °C.[52]  Because  of  the  complex 
D8i  structure,  slip  in  T2  appears  to  occur  through  the 
actions  of  three  fractional  [001]  partial  dislocations  sep¬ 
arated  by  two  complex  stacking  faults  (CSFs),  according 
to  the  dissociation  reaction  given  byt52] 

[001]  —  0.26[001]  +  CSF  +  0.48  [001]  ^ 

+  CSF  +  0.26[001]  [6] 

which  was  suggested  by  Ito  et  al.,[52]  through  a  consider¬ 
ation  of  the  overlapping  volume  encountered  by  atoms  on 
the  slip  plane.  Taking  Eq.  [6]  as  the  operative  slip  mech¬ 
anism,  theoretical  calculation  indicates  that  the  dislocation 
dissociation  reaction  is  energetically  favorable,  and  it  leads 
to  a  significant  reduction  in  both  the  unstable  stacking  and 
P-N  barrier  energies  in  Nb5Si3  with  the  D8i  crystal  struc¬ 
ture.  Recent  computations  indicated  that  the  yus  and  t/P_N 
values  for  [001](010)  slip  in  Nb5Si3  are  8.88  and  9.81  J/m2, 
respectively. [51]  In  contrast,  the  yus  and  UP_N  values  are 
reduced  to  3.25  and  0.01  J/m2,  respectively,  if  slip  on  (010) 
is  accomplished  by  three  fractional  [001]  partial  disloca¬ 
tions.  An  alloying  addition  that  promotes  slip  by  the  frac¬ 
tional  [001]  partial  dislocations  should  improve  the  fracture 
resistance  of  Nb5Si3. 

The  fracture  toughness  of  Nb5Si3  has  been  found  to 
improve  with  the  additions  of  Ti.  In  particular,  the  frac¬ 
ture  toughness  of  alloyed  (Nb,Ti,Hf)5(Si,Cr,Ge)3  silicide 
appears  to  increase  with  increasing  Ti  additions  but  decrease 
with  the  bond  order,  as  shown  in  Figure  17(a).  Bond  order 
is  a  measure  of  the  strength  of  the  covalent  bond  between 
atoms  and  is  computed  on  the  basis  of  the  overlapping  elec¬ 
tron  population. [53]  This  enhancement  of  fracture  resistance 
by  a  Ti  addition  and  its  relation  to  bond  order  is  not  well 
understood.  One  possible  explanation  is  that  the  Ti  addi¬ 
tion  promotes  the  slip  by  the  partial  dislocation  mechan¬ 
ism,  as  described  in  Eq.  [6],  Previously,  Ito  et  al.[52] 
suggested  that  the  driving  force  for  dislocation  dissocia¬ 
tion  is  the  need  to  minimize  the  overlapping  volume  of 
atoms  on  the  slip  plane.  Ito  et  al.[52]  demonstrated  this  point 
in  terms  of  contours  of  overlapping  volume  derived  on  the 
basis  of  a  hard-ball  model  that  was  used  to  represent  the 
atomic  interference  on  the  slip  plane.  Since  the  Ti  addi¬ 
tion  reduces  the  bond  order  of  Nb5Si3,  the  overlapping 
electron  population  and,  possibly,  the  overlapping  volume 
are  reduced  by  Ti  additions.  Such  a  reduction  of  the  over¬ 
lapping  volume,  if  proven  to  occur,  could  promote  the 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  34A,  SEPTEMBER  2003—1845 


I 

0- 


0  10  20  30  40 


Ti  Content,  At.  % 

00 


Fig.  17 — (a)  Fracture  toughness  (left  side)  and  bond  order  (right  side)  of  alloyed  silieides  as  a  function  of  Ti  content.  Trend  lines  are  shown,  and  (b)  computed 
Kc  compared  against  experimental  data  and  the  complex  stacking  fault  energy,  yCSf,  required  to  fit  the  fracture  model  to  the  experimental  data  of  alloyed  Nb5Si3. 


Fig.  18 — A  comparison  of  the  fracture  toughness  values  of  conventionally 
cast  (CC),  directionally  cast  (DS),  and  extruded  (EX)  Nb-based  in-situ  com¬ 
posites  against  model  calculations  based  on  crack-tip  trapping/bridging  with 
and  without  plastic  constraint,  and  the  rule  of  mixtures  (ROM). 

partial-slip  process  by  reducing  the  unstable  stacking 
energy,  the  CSF  energy,  or  the  P-N  barrier  energy. 

The  beneficial  effect  of  a  reduced  CSF  energy  on  the  frac¬ 
ture  toughness  of  the  (Nb,Ti)5Si3  silieides  (DBj)  was  eval¬ 
uated  by  fitting  Eq.  [4]  to  the  fracture-toughness  data  by 
adjusting  the  CSF  energy.  The  computed  Kc  and  the  deduced 
CSF  energy  are  shown  in  Figure  17(b).  The  computation 
indicated  that  the  CSF  energy  required  to  give  the  observed 
fracture  toughness  is  in  the  range  of  0.2  to  0.3  J/m2,  which 
is  substantially  lower  than  the  0.89  J/m2  value  for  the  CSFs 
observed  in  Mo5SiB2.  This  reduction  of  the  CSF  energy,  if 
proven  to  occur,  would  explain  the  increase  of  fracture  resis¬ 
tance  exhibited  by  Nb3Si3  alloyed  with  Ti  additions. 
Obviously,  high-resolution  transmission  electron  microscope 
studies  of  the  dislocation  structure  and  a  determination  of 
the  CSF  energy  in  alloyed  Nb5Si3  are  required  to  verify 
this  hypothesis.  The  effects  of  a  Ti  addition  on  the  lattice 
parameter,  the  d  spacing  of  the  possible  (or  most  likely)  slip 
planes,  and  b  may  be  determined  by  XRD,  but  the  neces¬ 
sary  analyses  of  the  XRD  data  have  not  been  performed. 


The  preceding  sections  illustrate  the  importance  of  com¬ 
positional  design  on  the  fracture  resistance  of  individual 
phases  in  the  in-situ  composites.  Alloy  composition  alone, 
however,  is  not  sufficient  to  ensure  high  fracture  tough¬ 
ness.  The  size,  shape,  and  morphology  of  individual  phases 
are  also  important  factors  influencing  the  fracture  resis¬ 
tance  of  Nb-based  in-situ  composites.  Figure  18  shows  a 
comparison  of  the  Kc  values  of  conventionally  cast  (CC), 
directionally  cast  (DS),[61  and  extruded  (EX)  Nb-based  in- 
situ  composites.13,91  The  DS  and  EX  materials  exhibit  a  higher 
fracture  toughness  than  the  CC  materials. 

The  fracture  mechanism  in  the  in-situ  composites  involves 
the  formation  of  microcracks  ahead  of  the  main  crack.  Most 
of  these  microcracks  are  initiated  in  the  Laves  phase,  which 
has  the  lowest  fracture  toughness  among  the  constituent 
phases  in  the  microstructure.  Once  initiated  in  the  Laves 
phase,  the  microcracks  propagate  into  the  silicide  phase.  The 
linkage  of  the  main  crack  and  microcracks,  which  dictates 
the  observed  fracture  toughness,  often  occurs  without  plas¬ 
tic  stretching  of  the  Nbss  particles.  The  absence  of  ductile- 
phase  toughening  in  the  Nb-based  in-situ  composites  appears 
to  originate  from  the  phase  morphology  in  the  composite 
microstructure.  In-situ  fracture-toughness  testing  results, 
shown  in  Figure  11  through  14,  revealed  that  the  lower 
fracture  toughness  exhibited  by  the  CC  materials  was  the 
consequence  of  a  relatively  continuous  silicide  phase  in 
the  microstructure,  such  that  the  crack  path  resided  in  the 
silicide  and  Laves  phases.  Because  of  this  fracture  path,  the 
ductile  Nb  solid  solution  was  not  able  to  enhance  the  frac¬ 
ture  toughness  of  the  in-situ  composites.  Comparison  of  the 
experimental  data  against  the  theoretical  calculation  of  a  frac¬ 
ture-toughness  model[321  suggested  that  the  lack  of  ductile- 
phase  toughening  by  the  Nb  solid-solution  phase  was  caused 
by  the  high  plastic  constraint  induced  by  the  continuous  matrix 
of  silieide  and  Laves  phases.  In  particular.  Figure  18  shows 
the  computed  Kc  curves  for  crack-tip  trapping/bridging[541  by 
ductile  phase  in  the  in-situ  composites  with  (solid  curve)  and 
without  (dashed  curve)  plastic  constraint  acting  on  the  Nbss 
phase,  as  well  as  that  computed  based  on  the  rule  of  mix¬ 
tures  (ROM).  The  Kc  curve  without  plastic  constraint  and 
that  for  the  ROM  were  computed  using  Eqs,  [4]  and  [12]  of 
Chan  and  Davidson,[32]  respectively,  while  the  Kc  curve  with 
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the  plastic  constraint  (solid  curve)  was  computed  using 
Eqs.  [10]  and  [11]  of  Chan  and  Davidson.1321  For  these  cal¬ 
culations,  q  =  1  and  Kd  =  28  MPaVm  as  the  average  value 
of  the  fracture  toughness  of  Nb„.  For  spherical  particles, 
the  intermetallics  begin  to  make  contact  when  their  volume 
percents  exceed  the  theoretical  value  of  ~  72  pet  and  the 
crack  can  propagate  exclusively  in  the  intermetallic  phase. 
For  irregular-shaped  particles,  the  intermetallic  phase  can 
occur  with  high  contiguity  at  a  lower  volume  fraction.  This 
appears  to  be  case  in  the  Nb-based  in-situ  composites.  The 
fracture  toughness  of  the  in-situ  composites  was  essentially 
identical  to  that  of  the  silicides  when  the  volume  fraction  of 
intermetallics  was  greater  than  approximately  60  pet  (Fig¬ 
ures  7  and  18).  At  the  present  time,  it  is  unclear  why  the  DS 
and  EX  materials  exhibited  a  higher  fracture  toughness  than 
the  CC  materials,  but  it  appears  to  originate  from  the  lack 
of  contiguity  of  the  intermetallic  and  the  changes  in  plastic 
constraint  associated  with  the  shape  of  the  Nbss  in  the  DS 
and  EX  microstructures. 

C.  Computational  Design 

The  observed  fracture-toughness  values  of  the  in-situ  com¬ 
posites  are  not  as  high  as  those  predicted  by  the  computa¬ 
tional  design  model.  The  discrepancy  can  be  attributed  to 
several  sources.  First,  the  sum  of  Ti  and  Hf  contents  in  the 
Nbss  phase  apparently  has  an  upper  limit,  as  none  was  able 
to  exceed  29  pet  in  the  presence  of  Nb-rich  and  Ti-rich 
silicides.  In  contrast,  the  Cr  content  increased  to  10  to  14  pet. 
Previous  work  has  shown  that  the  fracture  resistance  of  Nb^ 
increases  with  increasing  Ti  additions,117*251  but  decreases 
with  increasing  Cr  additions;117,251  both  have  combined  in 
the  present  composites  to  limit  the  fracture  toughness  of  the 
Nbss  phase.  Second,  the  volume  fraction  of  intermetallics  is 
somewhat  higher  than  that  expected  and  assumed  in  the 
model.  Since  the  design  calculations  were  based  on  alloys 
without  Ge,  the  addition  of  Ge  to  the  composites  appears 
to  have  altered  the  phase  boundaries  and  the  phase  relations. 
Third,  the  silicide  phase  exhibits  a  high  degree  of  contigu¬ 
ity,  and  a  continuous  path  exists  in  the  silicide  phase  for  the 
crack  to  follow.  As  a  result,  the  crack  bypassed  the  more 
ductile  Nbss  and  resulted  in  a  composite  toughness  that  cor¬ 
responds  to  the  fracture  toughness  of  the  silicide  phase 
(8  to  10  MPaVm).  Fourth,  the  Laves  phase  appears  to  serve 
as  an  initiation  site  where  microcracks  nucleate  (by  virtue 
of  its  lower  fracture  toughness)  and  then  propagate  into 
the  silicide  phase.  Finally,  a  high  plastic  constraint  exists 
in  the  Nbss  that  has  prevented  ductile-phase  toughening  from 
fully  developing  in  the  in-situ  composites  with  a  high  inter¬ 
metallic  content.  The  high  plastic  constraints  were  not  relaxed 
by  the  heat  treatments  used  in  this  study.  It  is  thought  that 
all  of  these  factors  contribute  to  limit  the  fracture  resis¬ 
tance  of  the  in-situ  composites  and  have  caused  the  dis¬ 
crepancy  between  the  experimental  results  and  the  model 
prediction  for  the  unconstrained  case. 

To  improve  the  fracture  resistance  of  the  in-situ  com¬ 
posites,  the  volume  fraction  of  the  Laves  phase  should  be 
reduced  because  of  its  low  fracture  toughness,  providing 
that  the  oxidation  resistance  is  not  reduced.  Similarly,  the 
Ge  addition  should  be  reduced,  since  it  tends  to  induce  the 
formation  of  second  phases  along  grain  boundaries.  More 
importantly,  the  microstructural  constraint  on  the  Nbss  needs 


to  be  reduced  either  by  modifying  the  size  and  morphol¬ 
ogy  of  the  constituent  phases  or  their  interface  properties. 
The  required  microstructural  modifications  include  (1)  rel¬ 
atively  large  and  elongated  Nbss  grains  and  (2)  submicron 
or  nanosized  shearable  silicide  particles  that  are  coherent 
with  Nbss.  In-situ  composites  with  elongated  Nb„  particles 
have  been  achieved  by  extrusion[9]  or  directional  solidifi¬ 
cation, [6]  and  improvements  in  fracture  toughness  have  been 
made.  Previous  attempts  were  successful  in  reducing  the 
size  of  Laves  phase  to  the  1  to  2  pm  range  by  rapid  solid¬ 
ification^51  and  mechanical  alloying[56]  techniques.  To  refine 
the  silicides  to  the  nanoscale  range  may  be  a  difficult  task. 
Alternately,  the  alloying  addition  may  be  used  to  reduce 
the  interface  energy  between  the  Nb55  and  silicides,  in  order 
to  facilitate  emission  of  dislocations  from  the  interface  or 
crack  penetration  into  the  Nbss  particles. 

The  computational  design  method  was  successful  in  the 
sense  that  its  predictions  were  realized  in  most  cases.  In 
particular,  the  computational  model  predicted  correctly  the 
effects  of  alloy  additions  (Ti,  Cr,  Hf,  Al,  etc.)  and  the  vol¬ 
ume  fractions  of  intermetallics  on  the  fracture  resistance  of 
the  Nb^  phase  and  the  in-situ  composites,  respectively.  As 
discussed  in  more  detail  in  a  separate  article,1341  the  compu¬ 
tational  model  predicted  correctly  that  the  oxidation  resis¬ 
tance  of  the  Nbss  and  the  in-situ  composites  would  not  come 
from  the  formation  of  Si02,  but  would  depend  on  the  Cr  con¬ 
tent,  since  Cr-based  oxides  are  likely  to  form  instead  of  Si02 
(Figure  1(b)).  However,  the  computational  model  was  not 
successful  in  improving  or  optimizing  the  fracture  and  oxi¬ 
dation  resistance  at  the  same  time,  because  of  the  opposite 
effects  of  Ti  and  Cr  additions  on  constituent  properties  and 
the  different  roles  of  constituent  phases  in  the  composite 
properties.  For  example,  Ti  improves  the  fracture  resistance 
but  reduces  the  oxidation  resistance,  while  a  Cr  addition  pro¬ 
duces  the  opposite  effects.  Similarly,  a  large  volume  fraction 
of  Nbss  improves  the  fracture  resistance  but  reduces  the  oxi¬ 
dation  resistance,  and  vice  versa  for  a  large  volume  fraction 
of  intermetallics.  Because  of  this,  the  fracture  and  oxidation 
resistance  of  the  in-situ  composites  could  not  be  optimized 
to  meet  the  property  goals  for  the  same  microstructure.  To 
overcome  these  difficulties,  a  microstructure  with  fine  shear- 
able  particles  is  needed,  so  that  the  constraint  on  Nbss  could 
be  relaxed  even  at  high  intermetallic  contents  and  Si02  could 
be  induced  to  form  beneath  the  Cr  oxide  layers. 


VI.  CONCLUSIONS 

A  computational  method  was  used  to  design  the  composition 
and  microstructure  of  several  in-situ  composites  based  on  the 
Nb-Ti-Hf-Cr-Si-Ge  system,  with  the  objective  of  achieving 
balanced  properties  of  creep,  oxidation,  and  fracture  resistance. 
The  candidate  materials  were  fabricated  and  evaluated.  This 
article  described  the  evaluation  of  the  fracture  toughness  of 
the  constituent  phases  and  the  composites  of  the  candidate 
alloys.  The  conclusions  reached  in  this  study  are  as  follows. 

1.  An  addition  of  Si  and  Ge  in  NbCr2  stabilized  the  C14 
and  increased  the  fracture  toughness  from  1  to  2  to 
5  MPaVm .  The  toughness  enhancement  may  be  attrib¬ 
uted  to  a  reduction  of  unstable  stacking  and  P-N  barrier 
energies  for  slip  by  synchroshear  in  the  C14  structure. 
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2.  Ti  and  Hf  additions  appeared  to  enhance  the  fracture 
toughness  of  Nbrrich  and  Ti-rich  M5Si3  from  2  to  3  to 
8  to  10  MPaVm .  The  toughness  enhancement  may  be 
attributed  to  slip  by  [001]  partial  dislocations  and  cor¬ 
relates  with  increasing  fracture  toughness  with  decreas¬ 
ing  bond  order  by  increasing  Ti  and  Hf  additions. 

3.  The  fracture  toughness  of  the  Nb^  in  the  in-situ  com¬ 
posites  is  limited  to  25  to  30  MPaVm,  because  the 
Ti  4-  Hf  content  is  limited  to  29  pet  and  the  Cr  content 
can  reach  as  high  as  14  pet. 

4.  The  Cr  content  (10  to  14  at.  pet)  in  the  Nb  solid-solution 
phase  in  the  Nb-Ti-Hf-Cr-Si-Ge  in-situ  composites  is 
higher  than  that  (  ~3  at.  pet)  expected  based  on  die  ternary 
Nb-Si-Cr  phase  diagram. 

5.  A  high  Cr  content  (10  to  14  at.  pet)  and  a  high  plastic 
constraint  in  the  Nb  solid-solution  phase  is  responsible 
for  the  relatively  low  fracture  resistance  exhibited  by 
the  Nb-based  in-situ  composites. 

6.  The  fracture  mechanism  in  Nb-based  in-situ  composites 
containing  a  large  volume  fraction  of  intermetallics 
involves  the  nucleation  of  microcracks  in  the  Laves 
phase,  propagation  of  microcracks  in  the  silicide  phases, 
and  linkage  of  the  main  crack  with  microcracks  with¬ 
out  substantial  plastic  stretching  occurring  in  the  Nbss 
particles. 

7.  The  fracture  toughness  of  the  in-situ  composites  decreases 
with  increasing  volume  fractions  of  intermetallics  phases. 
Ductile-phase  toughening  is  ineffective  in  composites 
containing  more  than  40  to  50  pet  intermetallics,  because 
the  crack  tends  to  propagate  in  the  intermetallic  phases 
and  bypass  the  Nbss  phase. 

8.  The  fracture  toughness  of  the  Nb-based  in-situ  com¬ 
posites  is  approximately  the  fracture  toughness  of  the 
silicide  phase  when  the  volume  percent  of  intermetallics 
exceeds  60  pet. 

9.  The  Vickers  indentation  technique  appears  to  be  a  viable 
tool  for  characterizing  the  fracture  toughness  of  the 
Laves  and  silicide  phases  in  the  Nb-based  in-situ  com¬ 
posites.  However,  a  calibration  curve  must  be  devel¬ 
oped  since  the  induced  tensile  stresses  acting  on  the 
indentation  cracks  depend  on  the  amounts  of  inelastic 
deformation  under  the  indentor. 

10.  The  computational  modeling  effort  was  successful  in 
that  the  predictions  of  the  model  with  regard  to  the  over¬ 
all  fracture  and  oxidation  properties  were  essentially 
realized. 
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A-2 


Relationships  of  Fracture  Toughness  and  Dislocation 
Mobility  in  Intermetallics 


KWAI  S.  CHAN 

An  analytical  method  has  been  developed  and  used  to  compute  the  Peierls-Nabarro  (P-N)  barrier 
energy,  t/P_N,  for  relevant  slip  systems  in  several  intermetallics,  including  NiAl,  FeAl,  Nb-Ti-Al  (B2), 
Ni3Al  (Ll2),  TiAl  (Ll0),  TiCr2,  NbCr2  (C14,  C15),  Nb5Si3  (D8,),  Mo5SiB2  (D8,),  and  Mo5Si3  (D8J. 
The  P-N  barrier  energy  and  a  generalized  fault  energy,  yF,  are  combined  and  used  as  a  measure 
of  dislocation  mobility.  Furthermore,  a  fracture  model  has  been  developed  to  describe  the  process 
of  thermally  activated  dislocations  moving  away  from  the  crack  tip  and  to  predict  the  correspond¬ 
ing  fracture  resistance.  A  ductility  index  defined  in  terms  of  the  ratio  of  ys/(UP_N  +  yF),  where  ys 
is  the  surface  energy,  is  used  to  correlate  with  the  fracture  toughness,  Kc,  of  individual  intermetallics. 
The  correlation  indicates  that  fracture  toughness  increases  with  increasing  values  of  ys/(UP_^  +  7f), 
in  accordance  with  the  fracture  model  formulated  based  on  thermally  activated  slip.  The  use  of  the 
fracture  model  for  predicting  the  effects  of  slip  behavior,  temperature,  and  alloy  additions  on  frac¬ 
ture  resistance  is  demonstrated  for  selected  intermetallics  including  NiAl,  TiAl,  Laves  phase,  and 
Nb5Si3. 


I.  INTRODUCTION 

THERE  has  been  considerable  interest  in  developing 
new  structural  intermetallics  for  high-temperature  applica¬ 
tions/1-111  Substantial  efforts  have  been  made  to  develop  a 
fundamental  understanding  of  the  effects  of  alloy  additions 
on  the  deformation  and  fracture  mechanisms.  Despite  many 
new  alloy  developments,  inadequate  fracture  resistance  at 
ambient  temperature  remains  one  of  the  major  obstacles 
for  widespread  applications  of  intermetallic  alloys  or  in-situ 
composites  in  fracture  critical  components.  Many  inter¬ 
metallics  remain  brittle  because  the  relationships  between 
deformation  mechanisms  and  fracture  resistance  are  poorly 
understood.  Alloy  additions  to  toughen  brittle  intermetallics 
have  largely  been  explored  by  trial  and  error,  mostly  through 
empirical  means  that  are  labor-intensive  and  time-consuming. 
As  a  result,  there  has  been  an  increasing  trend  to  use  com¬ 
puter-assisted  approaches  or  computation-based  methods  to 
accelerate  alloy  development/12-171 

Brittle-to-ductile  fracture  transition  is  generally  considered 
the  result  of  a  competition  between  cleavage  fracture  and 
emission  of  dislocation  from  the  crack  tip.  The  propensity 
to  cleavage  fracture  is  often  measured  in  terms  of  the  surface 
energy,  ys.  In  contrast,  dislocation  emission  from  the  crack 
tip  can  be  controlled  by  the  nucleation  of  dislocations  from 
the  crack  tip[18]  (Figures  1(a)  and  (b))  or  the  mobility  of 
dislocations^2,13,19,201  moving  away  from  the  dislocation 
nucleation  sites  either  at  the  crack  tip  or  other  nontip  sources 
(Figures  1(b)  and  (c)).  The  propensity  of  crack-tip  disloca¬ 
tion  nucleation  can  be  described  in  terms  of  the  unstable 
stacking  energy  (%/)[18]  (Figure  1(b)).  On  the  other  hand, 
dislocation  mobility  is  represented  in  terms  of  the 
Peierls-Nabarro  (P-N)  barrier  energy, [2 1,221  UP_N,  and  the 
stacking  fault  energy,  yF  (Figure  1(d)).  More  importantly, 
yus  and  t/P_N  are  related  through  the  lattice  phase  angle 
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(i/f),[12,13]  which  is  a  measure  of  the  distortion  in  the  peri¬ 
odic  lattice  due  to  the  presence  of  the  dislocation  and  is 
defined  in  terms  of  the  elastic  constants,  Burgers  vector,  and 
slip  plane  spacing. 

Two  useful  auxiliary  parameters  have  emerged  from  yus 
and  f/P„N:  (1)  UP_N/yus  and  (2)  ys/UP_N,  where  ys  is  the  sur¬ 
face  energy.  The  ratio  of  UP_N/yus  is  a  measure  of  disloca¬ 
tion  mobility  relative  to  dislocation  nucleation,  while  the 
y,/Lp_N  ratio  is  a  measure  of  the  material’s  propensity  to 
cleavage  fracture  relative  to  dislocation  mobility  moving 
away  from  the  crack  tip.  Both  t/P_N/ ym  and  ysIUP..N  are  func¬ 
tions  of  the  lattice  phase  angle  only  and  depend  solely  on 
elastic  constants,  crystallography,  and  the  active  slip  sys¬ 
tem. [23]  Theoretical  calculations  indicated  that  the  UP_N/yus 
ratio  is  large  for  brittle  materials  but  is  small  for  ductile 
materials,  while  ys/UP_N  is  small  for  brittle  materials  but  is 
large  for  ductile  materials.  Thus,  a  high  dislocation  mobil¬ 
ity  manifested  as  a  low  P-N  barrier  energy  is  essential  in 
promoting  a  brittle-to-ductile  fracture  transition. 

For  metallic  alloys,  the  ys/UP_N  ratio  can  be  correlated  to 
fracture  toughness  and  tensile  ductility/12,131  In  particular,  the 
fracture  toughness  and  tensile  ductility  of  metallic  alloys 
increase  with  increasing  ys/UP_N  ratio;  thus,  the  ys/UP  N  ratio 
can  be  considered  as  a  ductility  index.  In  addition,  the  tensile 
ductility  and  fracture  toughness  of  a  metallic  alloy  can  be 
improved  by  alloy  additions  that  increase  the  lattice  phase 
angle.  In  contrast,  the  tensile  ductility  and  fracture  toughness 
are  both  reduced  when  an  alloy  addition  decreases  the  lattice 
phase  angle.  Alloy  addition  causes  small  changes  on  the  elastic 
constants,  the  Burgers  vector,  the  lattice  spacing,  the  lattice 
phase  angle,  and  the  unstable  stacking  energy,  but  it  has  sig¬ 
nificant  effects  on  the  P-N  barrier  energy  because  UP_N  depends 
inversely  on  sinh  2<//.[12]  This  new  discovery  provides  an  avenue 
for  designing  alloy  addition  to  improve  the  fracture  resistance 
of  brittle  materials  by  increasing  the  lattice  phase  angle,  which 
in  turn  reduces  the  P-N  barrier  energy  and  promotes  disloca¬ 
tion  movement  away  from  the  crack  tip/231  This  approach 
has  been  demonstrated  for  toughening  Nb  solid  solution  alloys 
through  Ti  addition/121  This  computational  approach,  however, 
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p,  in  the  slip  direction,  Burgers  vector,  and  the  slipband 
spacing  (d),  as  given  by[18] 


2t r2d  L  J 

and  the  P-N  barrier  energy  is  related  to  the  unstable  stack¬ 
ing  energy  according  to[12] 


Up-M  — 


sinh  2 ip 


'!'  =  &  =-T-  [12] 

chi 

where  b,  is  the  magnitude  of  the  Burgers  vector  of  the  par¬ 
tial  dislocations. 


III.  FRACTURE  RESISTANCE 
AND  DISLOCATION  MOBILITY 

For  a  crack  tip  under  small-scale  yielding,  the  J  integral 
at  fracture,  Jc,  can  be  considered  to  be  comprised  of  an  elas¬ 
tic  term,  Js ,  and  a  plastic  term,  JDi  as  given  by[28] 


where  if/  is  the  lattice  phase  angle  that  represents  the 
amount  of  distortion  in  the  periodic  lattice  due  to  the  pres¬ 
ence  of  the  dislocation,  k  is  the  dislocation  line  energy 
factor, [27]  and 

c  =  ”(Cn  —  C*i2  +  C44)  [5] 

where  Cy  are  elastic  constants.  For  edge  and  screw  disloca¬ 
tions  in  an  isotropic  material,  k/c  =  1/(1  -  v)  and  kIc  =  1, 
respectively,  where  v  is  Poisson’s  ratio.  Equations  [3]  and  [4] 
are  applicable  for  slip  in  various  crystal  structures  as  long  as 
the  appropriate  ratio  of  the  slip  plane  spacing  (d)  and  the 
magnitude  of  the  Burgers  vector  (b)  is  used.[26] 


where  Js  —  2ys  is  the  surface  energy  and  JD  is  the  plas¬ 
tic  work  expanded  per  unit  area  of  crack  extension.  By 
considering  a  counterclockwise  contour  around  the  crack- 
tip  surface,  it  has  been  shown  by  Rice  that[29] 

JD  =  ash  [14] 

where  a  is  the  stress  in  the  process  zone,  s  is  the  crack-tip 
strain,  and  h  is  the  size  of  the  process  zone,  which  is  the 
region  of  intense  deformation  surrounding  the  crack  tip. 

From  the  theory  of  thermally  activated  dislocation  motion, 
the  plastic  strain  rate  for  material  being  deformed  at  the 
crack  tip  is[301 


B .  Partial  Dislocations 

A  pair  of  partial  dislocations  separated  by  a  generalized 
fault  is  considered  here.  The  generalized  fault  can  be  a  stack¬ 
ing  fault,  antiphase  boundary,  superlattice,  or  complex  stack¬ 
ing  fault.  For  this  pair  of  partial  dislocations,  the  misfit 
energy,  E'(a),  at  a  =  0  is  reduced  by  the  fault  energy  yF,[24] 
leading  to 

E'(0)  =  E(a  =  0)-yF  [6] 


E'  (a  =  1/2)  =  E  (a  =  1/2)  [7] 

when  the  two  partial  dislocations  recombine  into  a  perfect  dis¬ 
location.  The  difference  between  E'(a  =  1/2)  and  E'(a  =  0) 
gives  the  P-N  barrier  energy,  UfP_ N,  for  the  pair  of  partial 
dislocations;  i.e., 

Uf p-n  =  E\a  =  1/2)  -  E'(a  =  0)  [8] 

which  can  be  combined  with  Eq.  [6]  to  give 


AG  =  A F  -  vr  [16] 

where  A F  is  the  energy  of  the  intrinsic  barrier  to  disloca¬ 
tion  motion,  which  for  most  metals  is  taken  to  be  the  P-N 
barrier  energy;  r  is  the  applied  shear  stress;  v*  is  the  acti¬ 
vation  volume;  k  is  Boltzmann’s  constant;  and  T is  absolute 
temperature.  The  pre-exponential  factor  is[30] 

y0  =  NA*bv'  [17] 

where  N  =  number  of  points  per  unit  volume  where  acti¬ 
vation  is  occurring,  A*  =  area  swept  out  by  the  activated 
dislocation,  b  =  Burgers  vector,  and  v'  =  the  attempt 
frequency  for  dislocation  activation,  which  is  proportional 
to  the  Debye  frequency.  The  activation  volume  is  given  by 
v*  =  b€x*,  where  €  is  the  length  of  the  dislocation  line,  and 
x*  is  the  activation  distance.  If  r  —  r  (0  or  x  =  x(t ),  then 
Eq.  [15]  can  be  integrated,  giving[31] 

AF—  v*t 

y  =  (y0  YTtljbx*  k t  [18] 

Combining  Eqs.  [14]  and  [18]  with  <x  =  V^3rand  s  =  yl\f3 
gives  for  the  fracture  toughness 


^  ^  +  »  [10] 

after  Eq.  [3]  is  combined  with  Eq.  [9].  For  a  pair  of  partial 
dislocations  (j  =  1  and  2), 

_  ^sliP  v  |  2  ri11 

Jus  ~  2it 2d^  ‘  [  1 


Jn  —  Jo  C 


y0  kTth 


From  Eq.  [19],  it  is  obvious  that  JD  is  strongly  influenced 
by  the  energy,  AF,  of  the  intrinsic  barrier.  An  intrinsic  barrier 
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that  controls  dislocation  nucleation  and  mobility  is  con¬ 
sidered  here.  Therefore,  we  take 

AF  =  ym  +  t/P_N  +  yF  [21] 

for  a  pair  of  partial  dislocations  separated  by  a  generalized 
fault  yF:  the  plastic  dissipation  resulting  from  their  slip  can 
be  expressed  as 


JD  =  4  exp 


A*[(C/P_N  +  yf)  +  (yt„-Tx*)]  ' 

kr 


[22] 


after  Eq.  [21]  is  combined  with  Eq.  [19].  Equation  [22]  can 
be  further  simplified  by  recognizing  that  tx*  =  yus  at  the 
onset  of  dislocation  nucleation.  Assuming  that  the  external 
stress  assists  in  dislocation  nucleation  only  and  the  motion 
of  the  dislocation  away  from  the  crack  tip  is  thermally 
assisted,  Eq.  [22]  can  be  simplified  to 


JD  -  J0  ex p 


A*(£/p_N  +  yF) 

kr 


[23] 


IV.  MODEL  APPLICATIONS 

The  computational  models  were  applied  to  compute  the 
unstable  stacking  energy,  P-N  barrier  energy,  and,  in  some 
cases,  the  surface  energy  for  a  number  of  intermetallics, 
including  B2  Nb-Ti-Al  alloys,  aluminides,  silicides,  and 
Laves  phases.  Computation  of  the  P-N  barrier  energy,  unsta¬ 
ble  stacking  energy,  and  surface  energy  required  knowledge 
of  the  elastic  constants  (Cy),  the  magnitude  of  the  Burgers 
vector,  and  the  slip  plane  spacing  of  the  active  slip  system, 
as  well  as  the  character  (edge,  screw,  or  mixed)  of  the 
dislocation.  With  the  exception  of  the  B2  Nb-Ti-Al  alloys, 
isotropic  elasticity  was  assumed  for  all  intermetallics.  In  all 
cases,  edge  dislocations  were  assumed  in  the  P-N  barrier 
energy  calculation.  Experimental  values  of  the  antiphase 
boundary7  or  stacking  fault  energy  were  used  to  compute  the 
ratio  of  y/(I/P_N  +  yAPB).  These  results  were  correlated  with 
fracture  toughness  data  from  the  literature  and  the  observed 
correlation  compared  against  predictions  of  the  fracture 
model.  Details  of  the  model  computation  and  the  results 
are  presented  below  for  individual  types  of  intermetallics. 


by  invoking  ym  =  tx*  at  the  onset  of  dislocation  nucleation. 
If  the  external  stress  field  is  insufficient  of  nucleating  a 
dislocation  (at  either  the  crack  tip  or  at  other  nontip  sites 
elsewhere  in  the  process  zone)  and  thermal  activation  is 
required,  Eq.  [23]  still  applies  but  the  apparent  fault  energy, 
defined  as  yrF  =  yF  +  yus  —  tv*,  would  be  higher  than  the 
actual  stacking  fault  since  ym  —  tx*  >  0. 

The  density  of  all  possible  activated  sites,  na,  is  given  by 


Jo  t  f  h\ 
Af  \t) 


[24] 


which  leads  to  a  dislocation  density,  p,  given  by 


[25] 


when  all  possible  sites  are  activated.  For  the  P-N  barrier, 
the  activation  distance,  area,  and  volume  are  b,  b2,  and  b3 
(to  be  demonstrated  in  Section  IV).  Thus,  x*  =  b,  A*  =  b2, 
and  v*  =  b3.  Substituting  these  values  into  Eqs.  [23]  through 
[25]  and  combining  the  various  terms  leads  one  to 


JD  =  J0  exp 


"k T  (^p-n  +  7 f) 


[26] 


with 


Jo  =  (f)p^2  [27] 

which  can  be  interpreted  as  the  maximum  plastic  dissipation 
attained  per  unit  area  when  all  activated  sites  are  activated 
and  the  P-N  barriers  are  overcome. 

Equation  [26]  can  be  related  to  the  stress-intensity  factor, 
Ka  at  fracture,  leading  to[28] 


Kc 


E(JS  +  JD) 
(1  -  v2) 


[28] 


for  plane-strain  fracture  of  isotropic  materials  with  Young’s 
modulus,  £,  and  Poisson’s  ratio,  v. 


A.  B2  Nb-Ti-Al  Alloys 

The  computational  model  reported  earlier  was  applied  to 
compute  the  surface  energy,  unstable  stacking  energy,  and 
P-N  barrier  energy  for  a  number  of  B2  alloys  of  the  Nb-Ti- 
Al  system,C32]  The  input  to  these  calculations  was  the  alloy 
composition.  Based  on  the  number  of  d  +  s  electrons/atom 
for  the  specified  alloy  composition,  the  analytical  model 
computed  the  elastic  moduli,  the  P-N  barrier  energy,  the 
surface  energy,  and  then  the  energy  ratio.  For  these  alloys, 
P-N  calculations  were  performed  for  (110) [111]  slip  by 
edge  dislocations.  Experimental  values  of  the  antiphase 
boundary  energy  (7apbX  which  are  in  the  range  of  0.015 
to  0.18  J/m2,{33]  were  used  in  the  calculations  for  B2  Nb- 
Ti-Al  alloys.  Results  of  the  computed  ym,  ys,  and  ratio  of 
ysI(U] p„N  +  yAPB)  are  summarized  in  Table  I. 

B.  Aluminides 

The  P-N  barrier  energies  for  several  aluminides,  silicides, 
and  Laves  phases  were  estimated  using  Eqs.  [3]  through  [5]. 
Isotropic  materials  were  assumed  so  that  k/c  =  1/(1  —  v)  for 
edge  dislocations,  where  v  is  the  Poisson’s  ratio  and  the  elas¬ 
tic  constant  c  was  computed  based  on  Young’s  and  shear 
moduli.  In  previous  studies,  Farkas  and  co-workers  com¬ 
puted  the  unstable  stacking  fault  energies  for  FeAl,  NiAl, 
CoAl,  Ni3Al,  and  TiAl  using  an  embedded  atom  method.tl4,34} 
These  yus  values  were  used  in  conjunction  with  Eq.  [3]  to 
obtain  the  P-N  barrier  energy.  In  addition,  the  ratio  of 
ys/(t/p_N  +  yApe)  was  also  computed  using  the  ys  and  yAPB 
values  reported  by  Farkas  et  alP4]  The  results  of  these 
calculations  are  presented  in  Table  L 

C.  Silicides  and  Laves  Phases 

For  silicides  and  Laves  phases,  ym  and  ys  by  first  prin¬ 
cipal  calculations  were  not  available.  For  these  materials, 
ym  values  were  estimated  based  on  the  Rice  Equation  [18] 
(Eq.  [2]),  while  ys  was  assumed  to  be  2  J/m2.  Results  of 
the  yUSi  c,  b,  d,  ip,  t/P_N,  ySi  and  y/t/P_N  for  the  Laves  phases 
and  silicides  are  summarized  in  Tables  II  and  HI,  respectively. 
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Table  IL  Summaries  of  Crystal  Structure,  Slip  Systems,  the  Lattice  Parameters  (a0,  c0),  Burgers  Vector  (b),  Slip  Plane  Spacing  (</),  Elastic  Constant  (c),  Lattice  Phase 
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The  y5/(^p-N  +  Tapb)  ratios  for  Laves  phase  and  silicides 
are  less  than  0.5,  compared  to  2  to  25  for  aluminides.  To 
establish  possible  relations  between  fracture  toughness  and 
the  P-N  barrier  energy,  the  fracture  toughness  values,  Kc , 
of  the  intermetallicsr35  42]  at  ambient  temperature  are  also 
summarized  in  Tables  I  through  III. 


V.  FRACTURE  TOUGHNESS/SLIP 
RELATIONSHIPS 

The  fracture  toughness,  Kc,  of  the  intermetallics  at  ambient 
temperature  is  correlated  with  the  ys(U?_N  +  yAPB)  ratio  in 
Figure  2(a).  Fitting  Eqs  [26]  and  [27]  to  the  experimental 
data  yield  A*fkT  =  20  and  J0  =  3  X  105  J/m2.  Since  A*  =  Tx* 
=  ft),  the  value  of  €  was  computed  for  individual  intermetallics 
and  the  results  are  presented  in  Tables  I  through  ffl.  In  almost 
all  cases,  €  ~  b  and  x*  —  b  for  the  slip  system  activated.  Thus, 
it  is  concluded  that  x*  =  b,  A*  =  b2,  and  v*  =  b3. 

The  value  of  J0  =  3  X  105  J/m2  was  highly  influenced  by 
the  Kc  data  for  B2  Nb-Ti-Al[32]  and  Ni3Al.[38]  The  Kc  data 


Fig.  2 — Correlation  of  the  fracture  toughness  model  against  experimental 
data:[32,35_39,41]  (a)  all  intermetallics  including  Kc  data  of  B2  Nb-Ti-Al  and 
Ni3Al  that  violated  the  plane-strain  fracture  criteria,  and  (b)  plane-strain 
Kc  data  of  intermetallics  and  bcc  Nb-Ti-Al  alloys. 
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Ys^P-N^APb) 


Fig.  3 — A  comparison  of  the  fracture  toughness  data  of  intermetallie[32,35_m41j 
and  metallic  alloys^121  under  plane-strain  and  nonplane  strain  fracture  con¬ 
ditions  against  model  calculations. 


Fig.  4 — Predicted  Kc  compared  against  experimental  data  of  NiAl[371  for 
flQ0}<lll>,  {U0}<001>,  and  {21 1  }<1 1 1>  slip.  Experimental  data 
for  { 21 1 }  <  1 1 1  >  slip  are  not  available.  Model  predictions  are  independent 
of  experimental  data. 


of  these  two  materials  were  obtained  under  nonplane  strain 
conditions  since  the  specimen  thickness  did  not  meet  the 
ASTM  plane-strain  criterion.1431  The  B2  Nb-Ti-Al  and  Ni3Al 
data  were,  thus,  removed  and  replaced  with  the  plane  strain 
Kc  data  of  bcc  Nb-Ti  Cr-AI  solid  solution  alloys  from  a 
previous  study[12]  (Figure  2(b)).  The  revised  Kc  data  set 
was  refitted  to  the  fracture  model  The  same  value  of  b2/k T  — 
20  was  obtained,  but  the  JQ  value  obtained  was  reduced  to 
5  X  104  J/m2,  which  was  1/6  of  the  previous  value.  The  values 
of  p  and  h  that  contributed  to  the  JQ  values  for  the  computation 
shown  in  Figures  3  and  4  are  presented  in  Table  IV.  A 
comparison  of  the  two  sets  of  Kc  data  is  shown  in  Figure  3. 
At  low  yJ(UP_N  +  ys),  the  computed  Kc  values  are  not 
sensitive  to  the  /0  value.  In  contrast,  the  computed  Kc  is 
sensitive  to  the  J0  at  high  yJ(UP_N  +  yAPB)  ratio  because  of 
its  dependence  on  the  density  of  activated  dislocations  and 
the  process  zone  size,  h.  Thus,  the  high  value  of  J0  from  the 
dataset  containing  B2  Nb-Ti-Al  and  Ni3Al  can  be  explained 
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Table  IV.  Material  Constants  Used  in  the  Fracture  Model 
to  Correlate  with  Fracture  Toughness  Data  of  Intermetallics 
and  Metallic  Alloys 


Parameter 

Plane- 

Strain  Fracture 

Nonplane- 
Strain  Fracture 

/o(J/m2) 

5  X  104 

3X  105 

p  (number  of 

dislocation/m2) 

3  X  10" 

3  X  10“ 

h  (mm) 

1 

2.5 

on  the  basis  of  a  larger  process  zone  size,  h .  Based  on  these 
considerations,  we  concluded  that  J$  ~  5  X  104  J/m2  for  plane- 
strain  fracture  of  the  materials  investigated. 


VI.  TEMPERATURE  DEPENDENCE 
OF  FRACTURE  TOUGHNESS 

To  examine  the  validity  of  the  fracture  model,  Eq.  [26] 
was  used  to  estimate  the  temperature  dependence  of  fracture 
toughness  of  a  number  of  intermetallics  keeping  the  value 
of  J0  constant  (/0  =  5  X  104  J/m2),  while  varying  only  the 
temperature  and  using  the  corresponding  t/P_N  and  yAPB 
values.  Both  C/P_N  and  yAPB  were  taken  to  be  independent 
of  temperature  and  their  values  are  shown  in  Tables  I 
through  III.  Results  for  individual  intermetallics  are 
discussed  in  Sections  A,  B,  C,  and  D. 

A,  Stoichiometric  NiAl 

In  a  previous  study,  Chang  et  alP1]  measured  the  fracture 
toughness  of  NiAl  single  crystals  as  a  function  of  temperature 
and  crystallographic  orientation.  Their  results,  shown  in 
Figure  5,  indicated  that  {100}  oriented  crystals  are  tougher 
than  {110}  oriented  crystals.  In  addition,  the  fracture  tough¬ 
ness  values  of  both  orientations  increase  with  increasing 
temperature.  The  experimental  results  of  Chang  et  alP 71  are 
compared  against  model  predictions  for  { 1 10}  <111  >, 
{110}<001>,  and  {21 1  }<1 1 1>*  using  the  corresponding 
1/P_N  and  yAPB  values  shown  in  Table  I.  Figure  4  indicates 
that  the  predicted  fracture  toughness  values  for  {100}  are 
higher  then  those  for  {110}  and  {211},  in  accordance  with 
experimental  data.  The  temperature  dependence  of  fracture 
toughness  for  both  slip  systems  agrees  reasonably  with  experi¬ 
mental  results.  Experimental  evidence  indicated  that  <1 11> 
slip  caused  cleavage  fracture  on  { 100}  while  <001  >  slip 
caused  {110}  cleavage.137,441  Thus,  the  correct  cleavage 
fracture  planes  are  also  predicted.  Detailed  examination  of 
the  exponential  function  revealed  that  this  fracture  behavior 
was  caused  mainly  by  the  variation  of  the  P-N  barrier  energy 
with  the  slip  system  since  the  antiphase  boundary  energy 
was  approximately  equal.  The  P-N  energy  is  smallest 
(0.042  J/m2)  for  {110}<111>  slip;  it  is  0.202  J/m2  for 
{ 1 10} <001>  slip;  and  it  is  highest  (1.364  J/m2)  for 
{21 1 } <  1 1 1  >  slip. 

Figure  5  illustrates  the  effects  of  the  various  energy  terms 
on  the  fracture  toughness  of  NiAl  for  { 1 10}  <1 1G>.  These 
calculations  were  done  systematically  to  elucidate  the  relative 
importance  of  individual  barrier  energy  terms.  In  general, 
the  fracture  toughness  increases  with  decreasing  heights  of 
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Fig.  5 — Dependence  of  computed  Kc  on  individual  dislocation  barriers 
for  { 110}  <001  >  slip  in  NiAl.  The  Kc  increases  with  decreasing  barrier 
energy  since  t/P_N  <  yAPB  <  yus. . 


the  energy  barrier.  The  highest  fracture  toughness  is  observed 
when  the  activation  barrier  is  the  P-N  barrier  only.  The 
inclusion  of  the  antiphase  boundary  energy  decreases  the 
dislocation  mobility  and  the  computed  fracture  toughness. 
The  lowest  fracture  toughness  occurs  when  the  unstable 
stacking  fault  is  the  activation  barrier  for  { 110}<110>.  The 
observed  fracture  toughness  results  are  in  better  agreement 
with  the  model  calculation  based  on  the  sum  of  f/P_N  and 
7apb  as  the  activation  barrier.  The  implications  from  this 
result  are  that  (1)  dislocation  mobility  controls  the  fracture 
toughness  and  (2)  a  relatively  high  antiphase  boundary  energy 
is  responsible  for  low  dislocation  mobility  and  inferior 
fracture  resistance  in  NiAl. 

B.  Binary  TiAl 

Booth  and  Roberts[40]  determined  the  fracture  toughness  of 
binary  TiAl  (Ti-54.7A1)  single  crystals  as  a  function  of  tem¬ 
perature.  Two  crystallographic  orientations  were  investigated 
to  interrogate  the  relative  contributions  of  ordinary  and  super¬ 
lattice  dislocations  to  the  fracture  toughness  of  TiAl.  The 
possible  slip  directions  in  TiAl  are  <110],  <101],  and  <112]; 
the  corresponding  Burgers  vectors  are  1/2<110],  <101],  and 
1/2<112].[453  The  shortest  of  the  Burgers  vectors  is  1/2<1 10] 
and  it  corresponds  to  the  ordinary  dislocations  commonly 
observed  in  fee  crystals.  The  1/2<112]  dislocations  are  per¬ 
fect  dislocations  with  the  second  shortest  Burgers  vectors  on 
the  {111}.  The  <101]  dislocations  are  superlattice  disloca¬ 
tions  that  can  be  dissociated  into  two  1/2<101]  superlattice 
partials  separated  by  an  antiphase  boundary.  Figure  6  shows 
the  fracture  toughness  data  of  Booth  and  Roberts1401  for 
orientations  A  and  B.  In  orientation  A,  the  ordinary  and  super¬ 
lattice  dislocations  were  stressed  with  equivalent  critical 
resolved  shear  stresses.  In  contrast,  the  superlattice  slip  systems 
in  orientation  B  experienced  higher  resolved  shear  stresses 
than  the  ordinary  slip  systems. 

The  unstable  stacking  and  P-N  barrier  energies  were  com¬ 
puted  for  { 1 1 1 }  slip  by  ordinary  and  superlattice  dislocations, 
and  the  results  are  presented  in  Table  I.  The  unstable  stack¬ 
ing  energies  can  be  high  while  the  P-N  barrier  energies  for 
{111}  slip  by  <112]  and  <110]  ordinary  dislocations  are 


Fig.  6 — Computed  Kc  compared  against  experimental  data  of  binary  TiAl 
(Ti-54.7A1)[40}  as  a  function  of  temperature.  The  fracture  model  overpre¬ 
dicted  the  fracture  toughness  when  the  experimental  y^  value  (0.47  J/m2[46]) 
was  used.  The  yAPB  required  to  fit  the  model  to  the  data  was  1 .2  J/m2.  The 
high  apparent  yAPB  value  suggests  that  dislocation  nucleation  at  the  crack 
tip  might  be  the  controlling  slip  mechanism. 


quite  low.  Based  on  the  f/P_N  and  y^  values,  the  ordinary 
dislocations  are  expected  to  exhibit  high  mobility  and  should 
lead  to  a  high  fracture  resistance.  The  predicted  high  frac¬ 
ture  resistance,  however,  was  not  observed  experimentally, 
as  shown  in  Figure  7.  The  lack  of  agreement  prompted  add¬ 
itional  computation  of  the  P-N  barrier  energy  and  Kc  for 
superlattice  dislocations.  The  mobility  of  the  superlattice 
dislocations  was  found  to  be  lower  than  those  of  the  ordin¬ 
ary  dislocations  because  of  a  relatively  high  antiphase  bound¬ 
ary.  However,  the  computed  fracture  toughness  remained 
too  high  when  the  experimental  value  for  the  yAPB  (0.47 
J/m2[46])  for  Ti-54.7A1  was  used  (Figure  6).  The  value  of 
7apb  required  to  match  the  experimental  data  of  Ti-54.7A1 
was  1.2  J/m2.  This  value  of  y^  is  considerably  higher  than 
those  computed  by  first  principle  methods  or  measured  experi¬ 
mentally,1 [46~5 11  which  are  summarized  in  Table  V.  This  high 
yAPB,  however,  agrees  with  the  unstable  stacking  fault 
energy  (Table  I).  Thus,  the  amalously  high  yAPB  suggests 
that  dislocation  nucleation  might  be  the  controlling  fracture 
process  in  Ti-54.7A1  at  temperatures  above  the  ambient 
temperatures. 

The  fracture  toughness  of  binary  TiAl  alloys  is  known 
to  depend  on  the  A1  content, [52_55]  as  shown  in  Figure  7. 
It  is  plausible  that  the  observed  dependence  of  fracture 
toughness  on  A1  content  might  be  a  manifestation  of  the 
influence  of  A1  content  on  the  antiphase  boundary  energy 
of  the  superlattice  dislocations.  The  experimental  and  com¬ 
puted  values  of  the  antiphase  boundary  energy  in  TiAl, 
shown  in  Table  V,  range  from  0.1  to  0.470  J/m2.[46“51]  The 
fracture  toughness  computed  based  on  these  yAPB  values 
are  in  agreement  with  the  experimental  results,  as  shown 
in  Figure  7.  The  result  is  encouraging,  but  it  is  still  uncer¬ 
tain  whether  the  antiphase  boundary  is  indeed  the  con¬ 
trolling  parameter  since  its  relation  with  A1  content  has  not 
been  established.  In  addition,  the  apparent  agreement  in 
Figure  7  could  be  fortuitous  since  it  is  well  established  that 
ligament  toughening  and  grain  boundary  toughening  con¬ 
tribute  to  the  fracture  resistance  in  binary  TiAl.[39,56,57] 
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Fig.  7 — Measured  and  computed  Kc  values  of  binary  TiAlf39,40’53"551  as  a 
function  of  Al  content.  The  dependence  of  Kc  on  A!  content  might  be  a 
manifestation  of  the  dependence  of  yAPB  on  Al  content. 


Ti  Addition,  At.  % 

Fig.  8 — A  comparison  of  computed  and  measured  Kc  values[41J  of  Cl 5 
(Nb,Ti)€r2  Laves  phases  (Nb-xTi-67Cr)  as  a  function  of  Ti  addition.  The 
Ti  addition  results  In  little  changes  in  f/P_N,  ym,  and  the  corresponding  frac¬ 
ture  toughness. 


Table  V.  Antiphase  Boundary  Energy  Values  (yAPB) 
Reported  for  a  Fault  on  {111}  in  Binary  TiAl 


Composition 

Measured  yAPB 
(mJ/m2) 

Computed  yAPB 
(mJ/m2) 

Ti-54,7A! 

Stoichiometric  TiAl 

145,[47)  4701461 

306,[5O]  329,[341 
510,'5']  520, (4S! 
670|49) 

A  systematic  comparison  of  K0  antiphase  boundary  energy, 
C/P_N,  and  yus  as  functions  of  Al  content  is  required  to 
resolve  this  issue. 

C.  Laves  Phases 


Ti  Addition,  At.  % 

Fig.  9 — Predicted  and  measured  KC{41]  of  Cl 5  Laves  phase  with  the  com¬ 
position  Nb-xT i-(67-2x) Cr  as  a  function  of  Ti  addition.  The  Ti  addition 
exerts  no  effect  on  ym  and  only  small  effects  on  C/P_N  and  Kc, 


NbCr2  and  TiCr2  are  Laves  phases  that  exhibit  the  C15 
(cubic)  structure  at  ambient  temperatures.  Both  are  very  brittle 
at  ambient  temperatures,  but  have  attractive  creep  proper¬ 
ties  at  elevated  temperatures.  Thoma  et  aL[4l]  investigated 
the  effects  of  nonstoichiometry  on  the  fracture  toughness  of 
NbCr2  and  TiCr2.  The  experimental  Kc  results  are  compared 
against  model  calculations  in  Figures  8  and  9  for  Nb-vTi- 
67Cr  and  Nb-xTi-(67-2x)Cr,  respectively.  Figures  8  and  9 
also  present  the  corresponding  results  for  t/P_N,  yUSf  and  the 
ratio  of  %s/(f/P_N  +  yAPB).  The  model  computations  were 
based  on  synchroshear  of  a  pair  of  1/2<110>  Schockley 
partial  dislocations  on  either  the  {111}  layer  with  the  ac(3 
atom  arrangement  (/3  layer)  or  the  { 1 1 1 }  layer  with  the  ayC 
atom  arrangement  (C  layer).158,59,601  The  (3  layer  is  comprised 
of  only  small  (Cr)  atoms  and  exhibits  a  smaller  slip  plane 
spacing,  while  the  C  layer  is  comprised  of  both  large  (Nb 
or  Ti)  and  small  (Cr)  atoms  with  a  slip  plane  spacing  that  is 
3  times  that  of  the  f3  layer/58391  There  are  three  hard  C  layers 
and  one  soft  f3  layer  in  a  unit  cell  of  C14  or  C15.  In  add¬ 
ition,  slip  by  synchroshear  must  occur  simultaneously  on  all 
{111}  layers  in  the  unit  cell/58,591  The  unstable  stacking  and 
the  P-N  barrier  energies  for  both  C15  Laves  are  large  and 
the  predicted  fracture  toughness  values  are  about  1  MPaVm 


for  NbCr2,  TiCr2,  and  (Nb,Ti)Cr2,  which  are  in  good  agree¬ 
ment  with  experimental  data[41]  (Figures  8  and  9). 

The  fracture  model  was  used  to  predict  the  fracture  tough¬ 
ness  of  (Nb,Ti)Cr2  as  a  function  of  temperature.  Figure  10 
shows  the  computed  fracture  toughness  results  for  syn¬ 
chroshear  shear  on  the  layer  (acfi)t  and  the  results  are 
contrasted  against  that  on  the  C  layer  (ay C)  in  either  the 
C15  (cubic)  or  the  C 14  (hexagonal)  structure.  For  Cl 5,  the 
predicted  fracture  toughness  values  are  low  (1  MPaVm  )  for 
slip  on  the  (3  and  C  layers.  For  C14,  the  Shockley  partial 
dislocations  are  more  mobile  and  they  are  predicted  to 
produce  a  higher  fracture  toughness  at  higher  temperatures. 
Unfortunately,  the  dislocations  mobility  on  the  C  layer 
remains  very  low  even  for  Cl 4.  Since  slip  by  synchroshear 
must  be  operative  on  successive  {111}  layers,  the  fracture 
toughness  values  of  C14  and  C15  are  likely  to  be  controlled 
by  the  UP_N  of  the  C  layer.  Thus,  the  observed  fracture 
toughness  values  for  both  C14  and  C15[41,421  are  in  agreement 
with  the  model  prediction  for  slip  on  the  C  layer,  as  shown 
in  Figure  10. 

NbCr2  has  a  C15  (cubic)  crystal  structure  and  a  fracture 
toughness  of  about  1  MPaVm  at  ambient  temperature. 135,411 
A  small  (>2  at.  pet)  addition  of  Si  +  Ge  changes  C15  NbCr2 
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Fig.  10 — Model  predictions  of  Kc  in  C15  and  C14  Laves  phase  compared 
against  experimental  datal41,42]  as  a  function  of  temperature.  The  fracture 
toughness  in  the  Laves  phases  appears  to  be  controlled  by  the  slip  system 
on  the  C  layer  that  exhibits  the  lowest  dislocation  mobility. 


to  C14  (hexagonal),  which  is  normally  stable  only  at  elevated 
temperatures.  In  addition,  Si  and  Ge  addition  improves  the 
fracture  toughness  of  NbCr2  from  1  MPaVm  [35,41]  to  about 
2  to  5  MPaVm.[61]  Computations  of  unstable  stacking  energy 
and  P-N  barrier  energy  performed  for  synchroshear[59]  by  a 
pair  of  1/6[211]  partial  dislocations  on  (111)  layer  indicated 
that  yus  =  4.36  J/m2  and  UP_N  =  4.42  for  synchroshear  in 
C15.  In  contrast,  yus  =  2.24  J/m2  and  UP_N  =  0.43  J/m2  for 
synchroshear  in  C14  because  of  a  more  favorable  ratio  of 
slip  plane  spacing  to  Burgers  vector  (df b).  The  lower  values 
of  yus  and  C/P_N  suggest  that  dislocation  nucleation  and 
motion  is  easier  in  the  C14  than  in  the  C15  Laves  phase. 
Consequently,  Si  or  Ge  addition  to  NbCr2  may  improve  the 
fracture  resistance  when  the  C14  phase  is  stabilized,  which 
was  observed  experimentally  and  is  shown  in  Figure  11.  The 
exact  mechanism  responsible  for  the  toughness  improvement 
is  not  understood  since  synchroshear  slip  on  the  C  layer 
should  remain  difficult  and  limit  the  fracture  resistance.  On 
the  other  hand,  the  toughness  improvement  is  very  modest 
and  may  indeed  involve  synchroshear  on  the  /3  layer.  Again, 
high-resolution  transmission  electron  microscopy  (TEM) 
work  is  required  to  resolve  this  issue. 


D.  Nb5Si3 

Nb5Si3  can  exist  in  either  the  D8m  or  D8/  crystal  structures; 
both  are  body-centered  tetragonal  phases  whose  deformation 
mechanisms  are  still  unknown.  Recently,  Ito  et  al.[62]  identi¬ 
fied  <100>{012},<100>(001),  1/2<111>{  110},  and 
<110>(001)  as  possible  slip  systems  in  Mo5SiB2  (T2  phase, 
D8/  structure).  Experimental  evidence,  however,  indicates 
that  [001]  (010)  is  the  operative  slip  system  in  the  T2  phase 
at  1500  °C.[62]  Because  of  the  complex  D8/  structure,  slip  in 
T2  appears  to  occur  through  the  actions  of  three  fractional 
[001]  partial  dislocations  separated  by  two  complex  stacking 
faults  (CSFs)  according  to  the  dissociation  reaction  given  by[62] 

[001]  ->  0.26  [001]  +  CSF  4-  0.48  [001]  +  CSF  +  0.26  [001] 

[29] 
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Fig.  1 1 — Effects  of  Si  and  Ge  additions  on  the  crystal  structure,  unstable 
stacking  energy,  P-N  barrier  energy,  and  the  fracture  toughness[35,41,61]  of 
C15  and  C14  (Nb,Ti)(Cr,Si,Ge)2  Laves  phases. 


which  was  suggested  by  Ito  et  al.,[62]  through  a  consideration 
of  the  overlapping  volume  encountered  by  atoms  on  the  slip 
plane  and  TEM  observations.  The  P-N  barrier  energy  calcu¬ 
lation  indicates  that  the  dislocation  dissociation  reaction,  as 
described  in  Eq.  [29],  is  energetically  favorable  and  signifi¬ 
cantly  reduces  both  the  unstable  stacking  and  P-N  barrier 
energies  in  Nb5Si3  with  the  crystal  structure.  As  shown 
in  Table  III,  the  yus  and  t/P_N  for  [001](010)  slip  in  Nb5Si3 
are  8.88  and  9.81  J/m2,  respectively.  In  contrast,  the  yus  and 
f/P_N  are  reduced  to  3.25  and  0.01  J/m2,  respectively,  if  slip 
on  (010)  is  accomplished  by  three  fractional  [001]  partial  dis¬ 
locations.  The  CSF  energy  for  Nb5Si3  has  not  been  measured, 
but  the  CSF  energy  for  Mo5SiB2  was  found  to  be  0.89  J/m2.[62] 
An  estimate  of  the  CSF  for  Nb5Si3  based  on  the  elastic  mod¬ 
uli  and  the  CSF  energy  of  Mo5SiB2  gives  yCSF  =  0.49  J/m2. 
This  CSF  energy  leads  to  a  value  of  3.92  for  the  yJ(UP_^  + 
Tapb)  ratio  and  a  computed  Kc  of  1  MPaVm  for  Nb5Si3, 
compared  to  3  MPaVm  [36]  observed  experimentally. 

An  alloying  addition  that  promotes  slip  by  the  fractional 
[001]  partial  dislocations  should  improve  the  fracture  resist¬ 
ance  of  Nb5Si3.  A  recent  study[61]  showed  that  the  fracture 
toughness  of  Nb5Si3  was  improved  by  the  additions  of  Ti, 
as  shown  in  Figure  12.  In  particular,  the  fracture  tough¬ 
ness  of  alloyed  (Nb,Ti,Hf)5(Si,Cr,Ge)3  silicides  increases 
with  increasing  Ti  addition  but  decreases  with  the  bond 
order. [61]  Bond  order  is  a  measure  of  the  strength  of  the 
covalent  bond  between  atoms  and  is  computed  on  the  basis 
of  the  overlapping  electron  population. [63]  This  enhancement 
of  fracture  resistance  by  Ti  addition  and  its  relation  to  bond 
order  is  not  well  understood.  One  possible  explanation  is 
that  Ti  addition  promotes  the  slip  process  by  the  partial 
dislocation  mechanism,  as  described  in  Eq.  [29],  According 
to  Ito  et  ai,[62]  the  driving  force  for  the  dislocation  disso¬ 
ciation  process  is  the  need  to  minimize  the  overlapping 
volume  of  atoms  on  the  slip  plane.  Ito  et  ai[62]  demonstrated 
this  point  in  terms  of  contours  of  overlapping  volume 
derived  on  the  basis  of  a  hard  ball  model  that  was  used  to 
represent  the  atomic  interference  on  the  slip  plane.  Since 
Ti  addition  reduces  the  bond  order  of  Nb5Si3,  this  means 
that  the  overlapping  electron  population  and  possibly  the 
overlapping  volume,  the  unstable  stacking  energy,  the  CSF 
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Fig.  12 — Computed  and  measured  Kc  and  the  complex  stacking  energy, 
yCSF,  required  to  fit  the  fracture  model  to  the  experimental  data  of  alloyed 
Nb5Si3  with  the  D8j  crystal  structure. 


energy,  or  the  P-N  barrier  energy  may  be  reduced  by  Ti 
additions. 

The  beneficial  effect  of  a  reduced  CSF  energy  on  the  frac¬ 
ture  toughness  is  illustrated  in  Figure  12.  In  this  calculation, 
the  CSF  energy  was  assumed  to  decrease  with  increasing 
Ti  contents  in  the  manner  depicted  by  the  dashed  line.  Using 
the  assumed  CSF  energy  and  the  fracture  model,  the  Kc  of 
the  alloyed  silicides  was  computed  as  a  function  of  Ti 
contents  and  the  results  are  presented  as  the  solid  line  in 
Figure  12.  The  computation  indicated  that  the  CSF  energies 
required  to  give  the  observed  fracture  toughness  are  in  the 
range  of  0.2  to  0.3  J/m2,  which  are  substantially  lower  than 
the  0.89  J/m2  for  the  CSFs  observed  in  Mo5SiB2.[621  Such  a 
reduction  of  the  CSF  energy,  if  proven  to  occur,  would  pro¬ 
mote  the  slip  process  by  partial  dislocations  and  explain 
the  increase  of  fracture  resistance  exhibited  by  Nb3Si3  alloyed 
with  Ti  additions.  Obviously,  high-resolution  TEM  studies 
of  the  dislocation  structure  in  alloyed  Nb3Si3  are  required 
to  verify  this  hypothesis.  In  addition,  a  computational  method 
is  required  to  compute  the  CSF  energy. 


VIL  DISCUSSION 

An  important  contribution  of  this  study  is  the  development 
of  a  fracture  model  that  incorporates  thermally  activated  slip 
and  dislocation  mobility,  as  well  as  the  description  of  the  dis¬ 
location  mobility  in  terms  of  the  P-N  barrier  energy  and  a 
generalized  stacking  fault  energy,  yF.  The  yF  parameter  is 
used  to  represent  the  energy  of  a  stacking  fault,  an  antiphase 
boundary,  or  a  complex  stacking  fault.  Expressed  in  terms  of 
the  J  integral,  the  fracture  model  has  the  form  given  by 


JC  =  Js  +  4eXP 


“kj,(^p-N  +  If) 


[30] 


where  yF  represents  yAPB,  yCSF,  or  any  other  relevant  super¬ 
lattice  stacking  fault,  while  J0  is  given  by  Eq.  [27],  In  this 
formulation,  p  and  h  are  the  dislocation  density  and  process 
zone  size  attained  at  the  state  of  full  activation  that  occurs 
when  the  exponent  term  becomes  unity.  The  term  irph2 
represents  the  total  number  of  dislocations  activated,  while 
kTYb2  represents  the  thermal  energy  per  activated  area. 


Reciprocal  Temperature,  1/T  (1/  K) 


Fig.  13 — A  semilog  plot  of  Jc  and  JD  vs  1  IT,  which  illustrates  that  the  slope 
can  be  used  to  deduce  the  operative  controlling  dislocation  mechanisms. 
Fracture  is  controlled  by  dislocation  mobility  when  the  slope  is  given  by 
— b2(Up_n  +  yF)lk.  The  manifestation  of  a  higher  apparent  stacking  fault 
energy  (y#F)  than  the  actual  stacking  fault  energy  (yF)  suggests  that  the 
fracture  process  might  be  controlled  by  dislocation  nucleation  rather  than 
dislocation  mobility. 


For  the  P-N  barriers,  the  activated  distance,  area,  and 
volume  were  deduced  to  be  b,  b2,  and  b3,  respectively.  The 
implication  is  that  a  dislocation  in  an  ordered  intermetallie 
moves  by  an  atom  (or  Burgers  vector),  one  at  a  time.  When 
this  process  occurs  by  a  pair  of  partial  dislocations,  the  order 
structure  and  stoichiometry  is  broken  down  locally  and  a 
stacking  fault  is  created  between  the  dissociated  dislocations. 
The  presence  of  the  stacking  fault  reduces  the  dislocation 
mobility  since  additional  energy  is  needed  to  recombine  the 
partial  dislocations  or  move  the  partial  dislocations  with  a 
faulted  core.  This  process  is  more  energetically  favorable  than 
dislocation  nucleation  as  long  as  the  inequality  given  by 

Up-N  +  Jf  <  Jus  [31] 

is  satisfied.  This  criterion  appears  to  be  met  by  most  of  the 
intermetallics  listed  in  Table  L  In  contrast,  Eq.  [31]  is  often 
violated  by  slip  systems  in  the  Laves  phases  and  in  the  sili- 
eides  shown  in  Tables  II  and  III.  For  these  materials,  brittle 
fracture  is  favored  because  both  yus  and  UP_N  are  high,  such 
that  dislocation  nucleation  and  motion  are  both  difficult. 

The  important  feature  of  Eq,  [30]  is  depicted  in  Figure  13, 
which  shows  that  a  plot  of  Jc  and  JD  vs  1  IT  in  a  semilog  plot 
gives  a  negative  slope  of  ~b2(UP_n  +  yF)fk T  when  slip  is 
controlled  entirely  by  dislocation  mobility.  On  the  other  hand, 
the  apparent  fault  energy  would  be  greater  than  those  of  the 
pertinent  stacking  fault  energy,  antiphase  boundary  energy, 
or  the  CSF  energy  when  fracture  is  controlled  by  dislocation 
nucleation  from  the  crack  tip.  This  is  the  case  because  the 
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unstable  stacking  energy,  yus,  is  considerably  larger  than  those 
of  the  stacking  fault,  antiphase  boundary,  and  CSF.  Inclu¬ 
sion  of  even  a  fraction  of  yus  in  the  yF  term  in  Eq.  [30]  would 
decrease  the  fracture  toughness  substantially.  Thus,  it  may  be 
feasible  to  distinguish  the  dislocation  mechanism  controlling 
brittle-to-ductile  fracture  transition  by  comparing  the  deduced 
value  of  the  generalized  stacking  fault  energy  against  the 
experimental  values  of  various  stacking  fault  energies.1641 

Since  the  stacking  fault  and  the  antiphase  boundary 
energies  can  generally  be  expressed  in  terms  of  the  ordering 
energy, [64’65,66]  the  importance  of  atomic  order  and  bonding 
on  dislocation  mobility  and  fracture  resistance  is  evident 
and  must  be  emphasized.  According  to  Eq.  [30],  atomic 
ordering  tends  to  depress  dislocation  mobility,  increase 
the  brittle-to-ductile  temperature,  and  reduce  fracture  tough¬ 
ness.  In  contrast,  disordered  materials  are  expected  to  exhibit 
higher  dislocation  mobility  and  fracture  resistance  compared 
to  ordered  materials  at  the  same  temperature  and  the  P-N 
barrier  energy.  To  improve  the  fracture  resistance  of  ordered 
intermetallics  by  alloying,  an  alloy  addition  must  reduce 
both  the  P-N  barrier  and  the  ordering  energy.  Thus,  an  alloy 
addition  must  be  selected  judiciously,  preferably  through  a 
fundamental  understanding  of  the  relationships  between 
bonding,  dislocation  mobility,  and  fracture  resistance. 

The  question  of  whether  fracture  in  intermetallics  is  con¬ 
trolled  by  dislocation  nucleation  or  mobility  remains  an  open 
one.  Experimental  data  indicated  the  presence  of  pre-existing 
dislocations  in  B2  Nb-Ti-Al.[33]  Thus,  dislocation  nucleation 
is  not  necessary  and  fracture  toughness  in  this  material  should 
be  controlled  by  dislocation  mobility.  There  is  also  no 
consensus  with  regard  to  the  importance  of  crack-tip  dislo¬ 
cation  nucleation  compared  to  dislocation  nucleation  at  nontip 
sites.  Recent  discrete  dislocation  modeling1671  demonstrated 
that  dislocation  nucleation  at  nontip  sties  and  their  subse¬ 
quent  movements  away  from  the  crack  tip  leads  to  a  rising 
Kr  curve.  Thus,  crack-tip  dislocation  nucleation  is  not 
necessary  for  the  occurrence  of  a  resistance-curve  behavior. 
When  dislocation  nucleation  is  required,  it  may  occur  at  non¬ 
tip  sites  rather  than  at  the  crack  tip. 

Comparisons  of  the  computed  and  observed  fracture  tough¬ 
ness  values  for  various  slip  systems  at  different  tempera¬ 
tures  or  alloying  additions  produced  several  interesting 
findings  regarding  the  controlling  dislocation  mechanisms. 
For  NiAl,  the  Kc-T  relation  varies  greatly  with  changes  in 
slip  vector  and  the  P-N  barrier  energy,  suggesting  disloca¬ 
tion  mobility  might  be  the  controlling  mechanism.  On 
the  other  hand,  the  high  apparent  yAPB  value  observed  in 
Ti-54.7A1[40]  suggests  that  fracture  might  be  controlled  by 
crack-tip  dislocation  nucleation  or  that  the  antiphase  bound¬ 
ary  energy  is  considerably  higher  than  those  reported  in  the 
literature.  The  P-N  barrier  energy  and  yus  for  Laves  phases 
and  silicides  are  extremely  large  and  both  are  responsible 
for  the  low  fracture  toughness.  Thus,  the  controlling  dislo¬ 
cation  mechanism  appears  to  vary  in  individual  intermetallics 
and  must  be  determined  on  an  individual  basis. 


VIII.  CONCLUSIONS 

An  analytical  model  has  been  developed  for  computing 
the  unstable  stacking  and  P-N  barrier  energies  associated 
with  slip  in  intermetallics.  These  energy  parameters  are 


incorporated  into  a  fracture  toughness  model  that  is  formu¬ 
lated  on  the  basis  of  thermally  activated  slip  by  either  a  per¬ 
fect  dislocation  or  a  pair  of  partial  dislocations  separated  by 
a  generalized  stacking  fault.  The  fracture  model  has  been 
applied  to  elucidating  the  relationships  of  fracture  toughness, 
dislocation  mobility,  temperature,  and  alloy  addition  for  a 
wide  range  of  intermetallics.  The  conclusions  reached  in  this 
investigation  are  as  follows. 

1 .  The  fracture  toughness  of  intermetallics  can  be  related  to 
dislocation  mobility  and  described  in  terms  of  a  thermally 
activated  slip  formulation. 

2.  The  activated  distance,  area,  and  volume  associated  with 
a  dislocation  overcoming  the  P-N  barrier  in  intermetallics 
are  b,  b2,  and  b3,  respectively. 

3.  Fracture  toughness  of  intermetallics  increases  with 
decreasing  values  of  the  P-N  barrier  energy  and  the  gen¬ 
eralized  stacking  fault  (stacking,  antiphase  boundary,  and 
CSF)  energies. 

4.  Fracture  in  intermetallics  that  are  controlled  by  dislocation 
mobility  can  be  identified  by  the  P-N  energy  and  the 
generalized  stacking  fault  energy.  A  high  apparent  gener¬ 
alized  stacking  fault  energy  indicates  that  fracture  may  be 
controlled  by  dislocation  nucleation  at  the  crack  tip. 

5.  The  fracture  toughness  of  intermetallics  can  be  correlated 
in  terms  of  the  ratio  of  y5/(/7P_N  +  yAPB). 

6.  The  effects  of  alloying  addition  on  fracture  toughness  can 
be  predicted  on  the  basis  of  its  effects  on  the  P-N  barrier 
energy,  stacking  fault  energy,  or  antiphase  boundary  energy. 

7.  The  fracture  model  predicts  the  effects  of  slip  vector  on 
the  fracture  toughness  in  NiAl  correctly  and  describes 
the  dependence  of  fracture  toughness  of  temperature 
reasonably  well. 

8.  Fracture  toughness  of  Ti~54.7Al  appears  to  be  controlled 
by  dislocation  nucleation. 
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Abstract:  This  paper  highlights  a  computer-assisted  alloying  approach  for  designing 

ductile  Nb  solid  solution  alloys.  An  extension  of  this  approach  to  improve  the  fracture  resistance 
of  Nb-based  silicides,  Laves  phases,  and  in-situ  composites  is  described  and  its  utility  is  evaluated 
against  experimental  data.  Possible  application  of  this  approach  to  designing  Nb-based  superalloys 
containing  a  microstructure  of  Nb  (bcc)  solid  solution  with  ordered  B2  or  Ll2  intermetallics  is 
elucidated  to  identify  potential  obstacles. 


Introduction 

Nb-based  in-situ  composites  are  multi-phase  alloys  that  contain  an  Nb  (bcc)  solid  solution  phase  and 
brittle  intermetallic  phases  such  as  silicides  and  Laves  phases.  Depending  on  the  alloy  composition, 
as  many  as  four  silicides  (Nb5Si3,  Nb3Si,  Ti5Si3,  Ti3Si)  and  two  Laves  phases  (C14  and  C15)  in 
alloyed  forms  can  exist  in  the  microstructure  [1,  2].  The  silicides  and  Laves  phases  are  intended  for 
providing  high-temperature  creep  and  oxidation  resistance,  while  the  Nb  solid  solution  is  intended 
to  improve  the  ambient-temperature  fracture  resistance.  Extensive  research  [1-5]  has  demonstrated 
that  alloy  addition  can  impart  fracture  resistance  in  theNb  solid  solution,  silicides,  and  Laves 
phases.  The  large  number  of  potential  alloying  elements,  however,  makes  the  discovery  of 
beneficial  alloy  additions  a  daunting  task  if  undertaken  by  an  empirical  means  alone. 

There  are  considerable  current  interests  in  developing  computational  tools  for  designing 
materials  with  desired  composition,  microstructure,  and  performance  [4,  6-10].  For  designing 
against  brittle  fracture,  recent  computation  work  have  focused  on  understanding  the  effects  of 
alloying  additions  on  (1)  the  unstable  stacking  energy  [11]  and  the  crack-tip  dislocation  emission 
process  [3-6,  8-11],  and  (2)  the  Peierls-Nabarro  (P-N)  barrier  energy  and  the  mobility  of  dislocations 
moving  away  from  the  crack  tip  [3-6]. 

In  this  paper,  a  computer-assisted  alloying  approach  for  designing  ductile  Nb  solid  solution  in 
in-situ  composites  is  highlighted.  Recent  progress  in  extending  this  approach  to  designing  alloy 
addition  to  improve  the  fracture  resistance  of  silicides.  Laves  phases,  and  in-situ  composites  is  then 
presented  and  compared  against  experimental  data.  Finally,  potential  application  of  this  approach  to 
designing  Nb-based  superalloys  containing  a  microstructure  ofNb  (bcc)  solid  solution  with 
ordered  B2  or  Ll2  intermetallics  is  examined  to  explore  its  feasibility. 


The  Computational  Approach 

The  transition  of  brittle-to-ductile  fracture  is  generally  viewed  as  a  competition  between  the 
nucleation  and  the  propagation  of  dislocations  from  the  crack  tip.  The  propensity  to  crack-tip 
nucleation  is  characterized  in  terms  of  the  unstable  stacking  energy,  yus,  while  the  Peierls-Nabarro 
barrier  energy,  Up_n,  is  used  as  a  measure  of  the  dislocation  mobility.  These  two  dislocation 
parameters  are  related  through  the  relation  given  by  [4] 
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where  b  is  Burgers  vector;  d  is  the  slip  plane  spacing;  K  is  the  dislocation  line  energy;  y  is  a  lattice 
phase  angle  which  incorporates  characteristics  of  the  slip  plane  spacing  (d),  slip  direction  (b), 
dislocation  character  (edge,  screw  or  mixed),  and  the  elastic  constant  (c)  in  the  slip  direction. 

The  fracture  toughness  and  tensile  ductility  of  metallic  materials  can  be  expressed  in  terms  of  the 
ratio  of  y/Up_n,  where  the  surface  energy,  ys,  is  used  as  a  measure  of  the  material's  propensity  to 
cleavage  fracture.  Both  Up.n  and  y/Up-N  can  be  altered  by  alloy  additions  [4,  6].  In  particular,  alloy 
addition  can  cause  a  small  change  in  the  lattice  phase  angle,  \|/,  that  can  result  in  a  large  increase  or 
decrease  in  the  Up.n*  leading  to  substantial  changes  in  the  dislocation  mobility  and  fracture  behavior. 
The  strong  dependence  of  Up.N  on  alloy  addition  and  a  correlation  developed  between  fracture 
resistance  and  the  ratio  of  ys/Up.N  forms  the  foundation  of  the  computational  model  for  designing 
tough  solid  solution  alloys  [4].  The  essential  features  of  the  computational  model  are;  (1)  the  P-N 
barrier  energy  model,  (2)  the  surface  energy  model,  and  (3)  a  ductility  index  in  terms  of  the  surface 
energy,  P-N  barrier  energy,  and  the  stacking  fault  energy  if  the  materials  have  ordered  crystal 
structures  [6].  Detailed  descriptions  of  the  methods  for  computing  the  P-N  barrier  energy  and  the 
other  energy  parameters  have  been  published  [4,  6]  and  they  will  not  repeated  here.  Instead,  a 
summary  of  the  application  of  this  approach  to  designing  fracture-resistant  material  is  presented 
here  with  specific  examples. 

Solid  Solution  Alloys.  Application  of  the  computational  methodology  to  designing  ductile  solid 
solution  alloys  based  on  theNb-Ti-Cr  system  [4]  is  illustrated  here.  The  solid  solution  phase 
boundary  at  ambient  temperature  was  first  estimated  from  the  phase  diagram.  The  P-N  barrier 
energy,  surface  energy,  and  the  corresponding  ys/UP_N  energy  ratio  were  then  computed  for  the 
various  solid  solution  alloys  along  the  phase  boundary.  Once  the  values  of  were  obtained, 

the  corresponding  tensile  ductility  and  fracture  toughness  (Ke)  were  predicted  through  previously 
established  relations  of  Kc  and  tensile  ductility  expressed  in  terms  of  the  ys/Up_N  parameter.  The 
desired  fracture  properties  and  the  corresponding  alloy  composition  were  then  obtained  by  judicious 
alloy  additions.  For  example,  Figure  1(a)  shows  the  design  of  tough  Nb-Ti-Cr  solid  solution  alloys 
through  Ti  addition  [4],  To  achieve  a  ductile  alloy,  Nb-Ti-Cr  must  contain  at  least  24%  Ti  in  order 
to  exhibit  a  fracture  toughness  of  25  MPaVm,  High  fracture  toughness  (>  60  MPaVm)  are  observed 
in  alloys  containing  more  than  40%  Ti  [3-4].  Though  not  shown  explicitly  in  Figure  1(a),  design  of 
alloy  composition  is  achieved  by  computing  the  effects  of  Ti  and  Cr  additions  on  the  P-N  barrier 
energy,  the  Ys/Up.n  ratio,  and  subsequently,  the  corresponding  tensile  ductility  and  fracture 
toughness.  A  comparison  of  the  computed  and  measured  fracture  toughness  of  Nb-Ti-Cr  solid 
solution  alloys  is  shown  in  Figure  1(b)  [4],  Since  some  of  the  experimental  data  were  used  to 
establish  the  Kc  and  Ys/Up.n  relation,  Figure  1(b)  is  not  an  independent  comparison  of  model 
prediction  and  experimental  data.  Nonetheless,  the  good  agreement  gives  credence  to  the  approach 
as  an  alloy  design  tool, 

Intermetallics.  The  P-N  barrier  energies  for  several  aluminides,  silicides,  and  Laves  phases  were 
computed  using  Eq.  (1)  [6],  The  unstable  stacking  energies  for  FeAl,  NiAl,  CoAl,  Ni3Al,  and  TiAl 
were  calculated  by  Farkas  using  an  embedded  atom  method  [8,  9].  These  yus  values  were  used  in 
conjunction  withEq,  (1)  to  obtain  the  P-N  barrier  energy.  In  addition,  y$  andyAPB  were  also 
reported  by  Farkas  [8,  9]  and  they  were  used  to  compute  the  energy  ratios.  ForNbsSis 
and  NbCra,  yus  and  ys  by  first  principal  calculations  are  not  available.  For  these  materials,  yus  values 
were  estimated  based  on  the  Rice  equation  [11],  while  ys  was  assumed  to  be  2  I/m2,  which  is  the 
typical  value  for  most  materials.  The  Ys/(Up.n+Yapb)  ratios  for  NbCr2  and  NbsSi3  are  less  than  0.5, 
while  the  others  range  from  2  to  25.  The  yAPB  term  is  important  in  Ni3Al  and  TiAI  since  the  yAPB  is 
considerably  larger  than  the  Up.n  [6],  Because  yAPB  can  be  larger  than  Up_n>  the  fracture  toughness 
of  the  intermetallics  correlates  better  with  the  Ys/(Up.n+Yapb)  than  with  ys/Up.N,  as  illustrated  in 
Figure  2,  The  strong  dependence  of  Kc  on  the  ratio  Ys/(Up.n+Yapb)}  which  can  be  represented  in 
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terms  of  a  dislocation  mobility-based  model  [12]  provides  an  avenue  for  designing  alloying  addition 
to  improve  the  fracture  toughness  of  intermetallics  by  lowering  yus,  UP_N,  and  yAPB. 

The  computation  of  unstable  stacking  and  P-N  barrier  energies  allows  one  to  select  alloy 
additions  for  improving  the  fracture  resistance  of  intermetallics.  This  point  is  illustrated  using 
examples  of  alloy  additions  in  Nb-based  Laves  phases  and  silicides.  Both  NbCr2  and  TiCr2  have 
a  Cl 5  (cubic)  crystal  structure  and  a  fracture  toughness  of  about  1  MPa/m  at  ambient 
temperature  [3,13].  A  small  (>  2  at  %)  addition  of  Si  +  Ge  changes  the  C15  phase  to  the  C14  phase 
(hexagonal),  which  is  normally  stable  only  at  elevated  temperatures.  Energy  calculations  performed 
for  synchroshear  by  a  pair  of  l/6<  2 1 1>  partial  dislocations  on  a  {111}  layer  [14]  indicated 
that  yus  =  4.36  J/m2  and  Up,n  =  4.42  for  synchroshear  in  Cl 5,  Table  1.  In  contrast,  yus  =  2.24  J/m2 
and  UP-n  =  0.43  for  {0001 }  1/3<10  1  0>  synchroshear  in  C14  because  of  a  more  favorable  d/b  ratio. 
The  lower  values  ofyus  and  Up_n  suggest  that  synchroshear  is  easier  in  the  C14  than  in  the  C15 
Laves  phase.  A  Si  or  Ge  addition  to  NbCr2  should,  therefore,  improve  the  fracture  resistance  when 
the  C14  phase  is  stabilized.  Figure  3  shows  that  Si  andGe  additions  stabilize  the  CIS  phase  and 
improve  the  fracture  toughness  of  NbCr2  Laves  phase  from  1  MPa/ m  to  about  2  to  5  MPa/ m. 

Nb5Si3  can  exist  in  the  D8m  or  D8i  crystal  structure;  both  are  body-centered  tetragonal 
phases  whose  deformation  mechanisms  are  still  unknown.  On  the  other  hand,  Ito  et  al.  [14],  have 
identified <100>{ 012 },<100>(001),  1/2<1 11>{  1 10}  and  <110>(001)  as  possible  slip  systems 
in  MosSiB2  (T2  phase,  D8i  structure).  Experimental  evidence,  however,  indicates  that  [001](0 10)  is 
the  operative  slip  system  in  the  T2  phase  at  1500°C.  Because  of  the  complex  D8j  structure,  slip 
in  T2  appears  to  occur  through  the  actions  of  three  fractional  [001]  partial  dislocations  separated  by 
two  complex  stacking  faults  (CSF)  according  to  the  dissociation  reaction  given  by  [15] 

[001]  -+  0.26  [001]  +  CSF  +0.48  [001]  +  CSF  +  0.26  [001]  (2) 

which  was  suggested  by  Ito  et  al.  [15],  through  a  consideration  of  the  overlapping  volume 
encountered  by  atoms  on  the  slip  plane.  The  overlapping  volumes  were  computed  by  treating  the 
atoms  as  hard  balls  [15].  The  selection  of  slip  systems  in  NbsSi3  and  T2  are  still  poorly  understood. 

Theoretical  calculation  indicates  that  the  dislocation  dissociation  reaction  represented  in  Eq.  (2)  is 
energetically  favorable  and  it  leads  to  a  significant  reduction  in  both  the  unstable  stacking  and  P-N 
barrier  energies  in  Nb5Si3  with  the  D8j  crystal  structure.  As  summarized  in  Table  1,  the  yus  and  Up.n 
for  [001](010)  slip  in  Nb5Si3  are  8.8  J/m2  and  9.81  J/m2,  respectively.  In  contrast,  the  yus  and  UP.N 
are  reduced  to  3.25  J/m2  and  0.01  J/m2,  respectively,  if  slip  occurs  by  the  partial  dislocation  slip 
process  described  in  Eq.  (2).  For  comparison  purposes,  Table  1  presents  theyus  and  UP,N  results 
for  [001  ](010)  slip  in  Mo5SiB2  together  with  its  fracture  toughness  (2  MPaVm)  [16].  As  in  the  case 
of  Nb5Si3,  both  the  yus  and  UP.N  results  of  Mo5SiB2  are  reduced  when  slip  occurs  by  the  passage  of 
three  fractional  [001]  partial  dislocations  separated  by  two  CSF,  rather  than  by  a  perfect  [001] 
dislocation.  Because  of  the  low  UP-n  value,  dislocation  mobility  of  the  [001]  partial  dislocations  is 
controlled  by  the  energy  of  the  complex  stacking  fault. 

The  fracture  toughness  of  NbsSi3  has  been  found  to  improve  with  the  additions  of  Ti  and  Hf.  In 
particular,  the  fracture  toughness  of  alloyed  (Nb,Ti,Hf)5(Si,Cr,Ge)3  silicide  increases  with 
increasing  Ti  addition  but  decreasing  bond  order.  Figure  4  [12].  Bond  order  is  a  measure  of  the 
strength  of  the  covalent  bond  between  atoms  and  is  computed  on  the  basis  of  the  overlapping 
electron  population  [17].  This  enhancement  of  fracture  resistance  by  Ti  addition  and  its  relation  to 
bond  order  is  not  well  understood.  One  possible  mechanism  is  that  Ti  addition  promotes  the  slip  by 
the  dissociated  dislocation  mechanism  as  described  in  Eq.  (2).  Previously,  Ito  et  al.  [15],  suggested 
that  the  driving  force  for  dislocation  dissociation  is  the  need  to  minimize  the  overlapping  volume  of 
atoms  on  the  slip  plane.  Since  Ti  addition  reduces  the  bond  order  of  Nb5Si3,  the  overlapping  volume 
may  also  be  reduced  by  Ti  additions.  Such  a  reduction  of  the  overlapping  volume,  if  proven  to 
occur,  would  promote  the  partial  slip  process  and  help  explain  the  increase  of  fracture  resistance 
in  NbsSi3  alloyed  with  Ti  addition. 
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Nb-Based  In-Situ  Composites.  The  preceding  sections  illustrate  the  importance  of  compositional 
design  on  the  fracture  resistance  of  individual  phases  in  the  in-situ  composites.  In  addition  to 
composition,  the  size,  shape,  and  morphology  of  individual  phases  and  processing  condition  are  also 
important  in  determining  the  fracture  resistance  of  Nb-based  in-situ  composites.  Figure  5  shows  a 
comparison  of  the  Kc  of  conventionally  cast  (CC)  [12],  directionally  cast(DS),  and 
extruded  (EX)  [2]  Nb-based  in-situ  composites,  which  shows  that  the  DS  and  EX  materials  exhibit  a 
higher  fracture  toughness  than  the  CC  materials.  In-situ  fracture  toughness  testing  revealed  that  the 
lower  fracture  toughness  exhibited  by  the  CC  materials  was  the  consequence  of  a  relatively 
continuous  silicide  matrix  phase,  which  exerted  a  high  plastic  constraint  on  the  Nb  solid  solution 
such  that  the  ductile-phase  was  ineffective  and  the  resulting  crack  path  resided  almost  entirely  in  the 
silicide  and  Laves  phases  [12].  The  observed  fracture  behavior  is  consistent  with  the  fracture 
toughness  values  computed  for  composites  with  a  high  plastic  constraint  using  a  fracture  toughness 
model  formulated  on  the  basis  of  crack  trapping  and  bridging  mechanisms  [18]. 

The  fracture  toughness  of  Ni-based  superalloys  with  the  ylyf  microstructure  is  on  the  order 
of  70-100  MPaVm  at  ambient  temperature.  The  high  fracture  resistance  originates  from  the  high 
toughness  of  individual  y  and  y*  (M3AI,  Figure  2)  phases,  as  well  as  a  microstructure  of  y /  particles 
embedded  in  a  continuous  y  matrix  separated  by  a  coherent  interface.  In  contrast,  the  intermetallic 
phases  in  Nb-based  in-situ  composites  exhibit  considerably  lower  fracture  toughness  and  a  higher 
degree  of  contiguity.  Both  the  properties  of  individual  phases  and  the  microstructure  contribute  to 
the  low  fracture  resistance  observed  in  Nb-based  in-situ  composites.  To  achieve  a  less  constrained 
microstructure,  Nb-based  superalloys  may  be  developed  on  the  basis  of  a  microstructure  of  B2 
and  bcc  Nb  solid  solution.  Unfortunately,  the  B2  alloys  have  been  shown  to  exhibit  high  tensile 
ductility  and  fracture  resistance  at  ambient  temperature,  but  lack  creep  and  oxidation  resistance  at 
elevated  temperatures  [19],  Alternately,  Nb-based  superalloys  may  be  developed  to  exhibit  a 
microstructure  that  comprised  of  LI  2  phases  embedded  in  a  Nb  solid  solution;  this  approach  is 
currently  being  pursued  by  researchers  at  Northwestern  University  [20]. 

Summary 

This  paper  presents  a  brief  overview  on  the  use  of  a  computational  approach  to  design  alloy 
composition  with  desired  fracture  performance.  The  approach  has  been  applied  successfully  to 
design  ductile  Nb-based  solution  alloys.  Improved  fracture  resistance  of  Nb-based  silicides  and 
Laves  phases  has  been  obtained  via  this  approach.  On  the  other  hand,  only  small  improvements  in 
the  fracture  resistance  of  conventionally  cast  Nb-based  in-situ  composites  have  been  realized 
because  of  a  high  plastic  constraint  and  the  contiguity  of  the  intermetallic  phases  prevent  the 
occurrence  of  ductile  phase  toughening  of  Nb  solid  solution  in  the  in-situ  composites. 
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Table  1.  A  Summary  of  yus,  ys,  UP.N,  Yapb,  Ys/(Up.n  +  Yapb),  and  Kc  of  NbCr2,  Nb5Si3,  and 
MosSiBa  Intermetallics.  The  Value  of  Surface  Energy,  ys,  was  assumed  to  be  2  J/m2. 
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Abstract 

The  transition  of  brittle-to-ductiie  fracture  in  Nb-based  alloys  and 
intermetallics  is  assessed  on  the  basis  of  the  emission  or 
propagation  of  dislocations  from  a  crack  tip.  Analytical  models 
have  been  developed  and  used  to  compute  the  surface  energy  (ys), 
unstable  stacking  energy  (yus),  and  Peierls-Nabarro  barrier 
energy  (UP_N).  The  use  of  energy  ratios  based  on  these 
parameters  for  predicting  brittle-to-ductile  fracture  transition  is 
evaluated  for  Nb-based  solid  solution  alloys  and  B2 
intermetallics.  These  analytical  models  are  then  applied  to 
predict  alloying  additions  that  would  result  in  solid  solution 
toughening  in  Nb-based  alloys  and  B2  intermetallics.  Possible 
application  of  this  approach  to  toughen  silicides  and  Laves  phases 
are  discussed. 


Introduction 


Nb-based  in-situ  composites  generally  contain  a  multiphase 
microstructure  of  silicides,  Laves  phases,  and  a  Nb  solid-solution 
phase.  The  intermetallic  phases  are  intended  to  provide 
high-temperature  strength  and  oxidation  resistance,  while  the  Nb 
solid  solution  is  intended  to  provide  low-temperature  tensile 
ductility  and  fracture  resistance  [1,2]. 

The  fracture  resistance  of  Nb-based  in-situ  composites  is 
provided  by  the  Nb  solid  solution  through  several  ductile-phase 
toughening  mechanisms  such  as  crack-tip  blunting,  crack  trapping 
and  ligament  bridging  [3].  Because  of  this,  the  tensile  ductility 
and  fracture  toughness  of  the  Nb  solid  solution  phase  are 
important  factors  affecting  the  fracture  properties  of  the  in-situ 
composites.  On  the  other  hand,  many  alloying  elements  (e..g.,  Cr 
and  Al)  that  enhance  oxidation  resistance  can  embrittle  Nb  solid 
solution  or  vice  versa.  Consequently,  alloying  additions  to 
improve  the  oxidation,  fracture,  and  creep  resistance  of  Nb-based 
in-situ  composites  must  be  optimized  and  controlled  judiciously. 

To  aid  the  development  of  new  Nb-based  in-situ  composites,  the 
present  author  has  developed  a  computational  method  for 
designing  ductile  Nb  solid  solutions  that  contain  Ti,  Al,  and  Cr 
additions  [4].  The  method  is  based  on  the  computations  of  the 
surface  energy  (ys)  and  the  Peierls-Nabarro  (P-N)  [5,  6]  barrier 
energy  (Up_n)  as  a  function  of  alloy  contents.  The  surface  energy 
is  taken  as  a  measure  of  the  propensity  to  cleavage  fracture,  while 
the  P-N  barrier  energy  is  taken  as  a  measure  of  dislocation 
mobility.  For  many  bcc  Nb-Ti-Cr-Al  alloys,  brittle-to-ductile 
fracture  occurs  when  the  ratio  of  Ys/Up.n  exceeds  a  critical  value. 


Design  of  ductile  Nb  solid  solutions  based  on  the  critical  ys/Up.n 
criterion  has  been  demonstrated  for  bcc  Nb-Ti-Cr-AI  [4]. 

In  this  article,  the  computational  method  is  broadened  to  treat  (1) 
alloy  additions  such  as  Hf,  Zr,  V,  Ta,  Mo,  W,  and  Re, 
(2)  B2  Nb-Ti-Al-X  ordered  intermetallic  alloys,  and  (3)  silicides 
and  Laves  phases.  In  particular,  the  effects  of  alloying  addition 
on  the  ductile-to-brittle  fracture  transitions  in  binary  Nb-X  solid 
solution  alloys  and  in  B2  Nb-Ti-Al-X  are  examined  first;  the 
approach  is  then  extended  to  consider  fracture  in  silicides,  Laves 
phases,  and  aluminides.  Computational  results  will  be  presented 
and  compared  against  available  experimental  data  in  the 
literature.  All  compositions  are  in  atom  percent  unless  specified 
otherwise. 


The  Alloy  Design  Methodology 


The  essential  features  of  the  computational  model  for  designing 
ductile  Nb  alloys  are:  (1)  the  Peierls-Nabarro  barrier  energy 
model,  (2)  the  surface  energy  model,  and  (3)  a  ductility  index  in 
terms  of  the  surface  energy,  P-N  barrier  energy,  and  the  stacking 
fault  energy. 

( 1 )  The  Peierls-Nabarro  Barrier  Energy  Model 

In  the  absence  of  thermal  activation,  the  minimum  energy 
required  to  move  a  dislocation  rigidly  and  irreversibly  through  a 
discrete,  periodic  lattice  is  the  Peierls-Nabarro  barrier  energy  [5, 
6].  This  energy  parameter  can  be  viewed  as  the  maximum 
resistance  of  the  discrete  lattice  to  dislocation  motion  and  used  as 
a  measure  of  dislocation  mobility.  Calculation  of  the  lattice 
resistance  was  first  made  by  Peierls  [5]  and  Nabarro  [6],  with 
subsequent  modifications  [7-9].  The  P-N  barrier  energy  for  an 
anisotropic  solid  is  given  by  [4,  7] 
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where  b  is  Bergers  vector;  d  is  the  slip  plane  spacing;  yus  is  the 
unstable  stacking  enrgy;  k  is  the  dislocation  line  energy;  \p  is  a 
lattice  phase  angle  which  incorporates  characteristics  of  the  slip 
plane  spacing  (d),  slip  direction  (b),  dislocation  character  (edge, 
screw  or  mixed),  and  elastic  constants  (cy)  in  the  slip  direction. 

Calculation  of  the  P-N  barrier  energy  requires  knowledge  of  the 
lattice  parameter  and  the  elastic  properties  of  the  alloy  system. 
For  Nb-X  systems,  the  lattice  parameter,  ao,  is  expressed  in  terms 
of  alloy  composition  according  to 

a0(A)  =  3.32XNb  +  2.88XTi+  (5) 

3.33XC,+3.05XA|+ . +a„X„ 

where  XNb,  XTit  XCn  XAl,  and  Xn  are  the  atomic  fractions 
ofNb,  Ti,  Cr,  At,  and  element  X„  in  the  Nb-Ti-Cr-Al-Xn  solid 
solution  alloy,  respectively;  an  is  the  lattice  parameter  of  Xn  in 
thebcc  structure;  Xn  represents  one  of  the  transition  elements 
from  a  group  that  includes  Zr,  Hf,  V,  Ta,  Mo,  W,  and  Re.  Eq.  (5) 
has  been  developed  based  on  the  rule  of  mixtures  and  the 
experimental  data  of  lattice  parameter  of  individual  alloying 
elements  in  the  bcc  crystal  structure.  The  lattice  parameter 
ofbccAl,  which  is  nominally  fee,  was  estimated  based  on  the 
value  reported  by  Dtplas  et  al.  [10].  This  expression  has  been 
validated  for  several  Nb-Ti-Cr,  Nb-Ti-Cr,  and  Nb-Ti-Cr- A I  solid 
solution  alloys  by  comparing  calculated  elastic  moduli  against 
experimental  data  from  the  literature.  Values  of  an  are 
summarized  in  Table  I. 


where  ys  is  surface  energy  in  J/m2,  Tm  is  melting  point  in  °K,  and 
a0  is  the  lattice  parameter  in  A.  Eq.  (7)  was  obtained  by  equating 
the  nearest  atom  spacing  to  the  Burgers  vector  and  substituted 
the  result  into  the  empirical  expression  of  Reynolds  et  al.  [11]. 
This  relation  allows  prediction  of  the  surface  energy  of  a  metal  or 
alloy  once  the  melting  point  and  lattice  parameter  are 
known.  The  melting  points  of  the  Nb-based  solid  solutions 
containing  Ti,  Cr,  Al,  and  Xn  additions  are  given  by 

T  (°k)=  2,742  x  103  -  4.57x1 02X_.  - 

3.04x  103X  -(3xl03X  +  1000)X  +..  (8) 

Cr  Ti  Al 


where  tn  is  the  change  of  melting  point  per  atom  fraction  of  Xn. 
Values  of  tn  are  tabulated  in  Table  I.  Eq.  (8)  has  been  developed 
based  on  the  binary  phase  diagrams  of  the  Nb-Ti,  Nb-Cr,  Nb-Al, 
Nb-X,  and  ternary  Nb-Ti-Cr  alloys.  The  incorporation  of  Eq.  (8) 
into  the  Reynolds  correlation,  Eq  (7),  allows  one  to  compute  the 
surface  energy  as  function  of  alloy  compositions.  Since  the 
Reynolds  correlation  was  derived  using  pure  elements,  not  alloys, 
there  is  likely  to  be  error  in  the  value  of  the  surface  energy 
computed  for  alloys  using  this  method  but  no  other  method  was 
found  to  make  this  estimate.  The  application  of  the  Reynolds 
correlation  to  alloys  is  valid  as  long  as  changes  in  the  surface 
energy  due  to  alloying  is  reflected  as  changes  in  the  melting  point 
of  the  alloys. 


Table!.  Summary  of  an  and  tn  for  Various  Nb-X  Solid 
Solution  Alloys 


X 

Hf 

Zr 

V 

Ta 

Mo 

W 

Re 

an  (A) 

3.33 

3.62 

3.039 

3.303 

3,147 

3.165 

3.61 

t  AK) 

-730 

-1560 

-1340 

550 

78 

200 

0 

The  elastic  constants,  Cy,  are  expressed  in  terms  of  the  d  +  s 
electrons  in  the  alloy  through  a  set  of  7th  order  polynomials  that 
were  established  based  on  experimental  data  of  elastic  constants 
for  a  number  of  bee  metals  [4].  The  expressions  for  the  elastic 
constants  are  as  follows: 


where  q  is  the  number  of  d  +  s  electrons  per  atom  in  the  alloy 
and  pn  are  the  correlation  coefficients  obtained  by 
regression  analyses.  The  values  for  the  number  of  d  +  s  electrons 
per  atom  are  4,  5, 6, 7  for  IVB  (Ti,  Zr,  and  Hf),  VB  (Cr,  Mo, 
and  W),  VIB  (Cr,  Mo,  and  W),  and  V11B  (Re)  elements, 
respectively.  An  apparent  d  +  s  value  of  6  is  used  for  Al  because 
of  contribution  of  p  electrons  to  bonding  in  the  d  +  s  orbitals  [10], 
The  regression  analyses  have  been  performed  forcn,  c}2,  and  c44 
only  because  of  the  cubic  symmetry  in  the  bcc  crystal  structure. 

(2)  Surface  Energy  Model 


(3)  Ductility  Index 

According  to  the  theory  proposed  by  Ritchie,  Knott,  and 
Rice,  [12]  cleavage  fracture  occurs  when  the  stress  at  a 
characteristic  distance  ahead  of  the  crack  tip  reaches  the  cleavage 
fracture  stress.  A  brittle-to-ductile  fracture  transition  results 
when  crack-tip  plastic  deformation  limits  the  near-tip  stress  and 
prevent  it  from  exceeding  the  cleavage  fracture  stress.  Several 
energy  ratios  have  been  proposed  as  possible  indices  for 
indicating  crack-tip  ductile  behavior.  Rice  suggested  that  the 
ratio  of  the  surface  energy  to  the  unstable  stacking  energy  (ys/Yus) 
can  be  used  as  a  measure  of  the  propensity  for  brittle  fracture  and 
also  as  a  criterion  for  brittle-to-ductile  transition  [13].  The  ys/Yus 
ratio  has  been  used  by  Farkas  [14,  15]  and  Waghmare  et  al.  [16] 
as  the  basis  for  selecting  ternary  alloying  additions  to  improve  the 
ductility  of  several  intermetal  lies  by  first  principle  calculations 
of  ys  and  yus. 

When  the  nucleation  of  dislocations  at  the  crack  tip  is  relatively 
easy  or  preexisting  dislocations  are  present,  the  mobility  of 
dislocations  moving  away  from  the  crack  tip  dictates  the  mode  of 
fracture.  Under  this  circumstance,  brittle-to-ductile  fracture 
transition  is  described  by  the  energy  ratio  ofys/UP.N  Work 
on  Nb-Ti-Cr  has  shown  that  the  energy  ratio  of  Ys/Up.n  is  a  better 
indicator  than  Ys/yus  for  predicting  the  brittle-to  ductile  fracture 
transition  in  Nb  solid  solution  alloys  [17]. 


An  empirical  relation  between  surface  energy,  melting  point,  and 
the  nearest  atom  spacing  was  established  by  Reynolds  et  al.  [11], 
This  relation  is  given  by  [1 1] 


rs(J/m2)  -  0.76  +  6.3604x1  O'3 


a 


(7) 


To  encompass  both  approaches,  a  ductility  index,  P,  may  be 
defined  as 


P  = 


+  U  p-n  +  rSF 


(9) 
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where  yn  is  the  energy  for  dislocation  nucleation  and  ySF  is  the 
stacking  fault  energy.  In  general,  yn  =  yus.  For  many  metals. 


1 


dislocation  nucleation  is  not  necessary  due  to  the  presence  of 
preexisting  dislocations,  then  yn  may  be  taken  as  zero.  The  Ysf 
term  is  included  in  Eq.  (9)  to  account  for  a  reduction  in  the 
dislocation  mobility  by  a  stacking  fault  or  by  an  anti-phase 
boundary  in  an  ordered  lattice  [8]. 

Model  Applications 

The  model  was  applied  to  compute  the  ratio  of  surface  energy  to 
the  Peierls-Nabarro  barrier  energy  for  a  number  of  Nb-based  solid 
solution  alloys,  which  include  binary  Nb-X  and  the  B2  phase 
of  Nb-Ti-Al-X.  The  input  to  these  calculations  was  the  alloy 
composition.  Based  on  the  number  of  d  +  s  electrons/atom  for  the 
specified  alloy  composition,  the  analytical  model  computed  the 
elastic  moduli,  the  P-N  barrier  energy,  the  surface  energy,  and 
then  the  energy  ratio.  In  all  cases,  P-N  calculations  were 
performed  for  (1 10)[1  1  1]  slip  by  edge  dislocations.  Preexisting 
dislocations  were  assumed  to  be  present  so  that  dislocation 
nucleation  was  unnecessary  and  yn  was  taken  to  be  zero. 
For  Nb-X  solid  solution  alloys,  Ysf  =  0  because  only  edge 
dislocations  were  considered.  Experimental  values  of  the 
anti-phase  boundary  energy,  which  are  in  the  range 
ofO. 015 -0.18  J/m2  [18],  were  used  in  the  calculations 
for  B2  Nb-Ti-Al  alloys.  Finally,  the  P-N  barrier  energy  and 
ductility  index  for  several  aluminides,  Nb5Si3,  and  NbCr2  were 
computed  using  yus  and  yAPB  information  in  the  literature. 

Binary  Nb-X  Alloys 

The  calculated  values  of  ys  and  Yus  are  relatively  constant  and  do 
not  vary  with  alloying  addition.  In  constant,  the  P-N  barrier 
energy  vary  significantly  with  alloying  addition.  Consequently, 
the  ductility  index,  which  is  the  ratio  of  Ys/UP_Nt  is  a  strong 
function  of  alloying  addition,  Figure  1.  The  results  in  Figure  1 
indicate  that  alloying  additions  of  Ti,  Zr,  and  Hf  up  to  the  amount 
indicated  in  the  parenthesis  increases  the  ductility  index  of  Nb-X 
solid  solution.  Two-phase  alloys  form  when  the  alloy  content 
exceeds  5  at.%  Zr  or  10  at.  %  Hf.  V  and  Ta  have  small  effects 
on  the  ductility  index  of  Nb-V  and  Nb-Ta  alloys.  In 
contrast,  Cr,  Al,  Mo,  W,  and  Re  all  decrease  the  ductility  index. 


Figure  1.  Computed  values  of  Ys/Up_n  as  a  function  of  alloying 
addition  for  various  Nb-X  solid  solution  alloys. 

An  increasing  ductility  index  means  the  ductility  is  improved, 
while  the  opposite  is  true  when  the  ductility  index  is  reduced. 
The  implications  of  these  results  are:  (1)  Zr,  Hf,  and  Ti  improve 
the  tensile  ductility,  (2)  V  and  Ta  have  small  effects, 


and  (3)  Cr,  Al,  Mo,  W,  and  Re  decrease  the  tensile  ductility 
of  Nb-X  alloys.  These  predictions  are  qualitatively  in  agreement 
with  experimental  data  shown  in  Figure  2  [19].  Re,  Cr,  Al,  W, 
and  Mo  all  increase  the  brittle-to-ductile  fracture 
transition  (BTDT)  temperature.  Zr  increases  the  BTDT 
temperature,  but  it  needs  to  be  excluded  because  the  Zr  content 
exceeds  the  solid  solution  limit.  Ti  and  Hf  have  no  effects  on 
the  BTDT  as  long  as  the  alloy  content  is  within  the  solubility 
limit  (<  10%  for  Hf,  no  limit  for  Ti).  The  model  also  predicted 
the  increase  in  the  BTDT  temperature  by  alloying  additions  in  the 
correct  order. 
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Figure  2.  Effect  of  binary  alloy  additions  on  the  brittle-to- 
ductile  fracture  transition  temperature  of  Nb  (from 
R.T.  Begley  [19]). 


B2  Nb-Ti-Al-X  Alloys 

The  ductility  index  was  computed  for  (1 10)  [1  T  1}  slip  by  edge 
dislocations  in  Nb-xTi-15Al.  Calculations  were  made  for  four 
different  values  of  the  antiphase  boundary  energy  (Yapb),  ranging 
from  0  to  0.18  J/m2,  as  Yapb  varies  with  Ti  content.  In 
particular,  Yapb  is  0.0 15 J/m2  for  Nb-40Ti-15Al,  but  it  is  0.18  J/m2 
for  Nb-10Ti-15Al  [18].  As  shown  in  Figure  3,  the  ductility  index 
is  computed  for  Yapb  =  0>  0.015,  and  0.18  J/m2.  In  the  fourth 
case,  yAPB  is  assumed  to  vary  with  Ti  content  as  follows: 

Yapb  =  0. 1 8  J/m2  for  Xn  <  10  at.%; 

Yapb  =  0.235-5.5E-3Xn  J/m2  for  10at.%  <  Xn  <  40at.%;  (10) 

Yapb  ~  0.0 1 5  J/m2  for  Xn  >  40at.%. 

Figure  3  indicates  that  the  ductility  index  of  B2  Nb-xTi-15Al 
increases  with  increasing  Ti  contents.  A  higher  ductility  index  is 
obtained  when  Yapb  is  zero  or  very  small.  A  Yapb  value  as  small 
as  0.1 8  J/m2  reduces  the  ductility  index  significantly  because  its 
magnitude  is  comparable  to  UP_N. 

A  fair  number  of  Nb-Ti-Al-X  alloys  are  known  to  exhibit  the  B2 
structure  and  they  are  listed  in  Table  II.  The  computed  values 

ofysj  Up-N,  and  the  ductility  index  for  (110)  [1  1  1]  slip  in  these 
alloys  by  edge  dislocations  are  presented  in  Table  II,  which  also 
shows  the  tensile  elongation  data  [18,  20-23].  The  values  of  Yapb 
for  these  alloys  are  mostly  unknown  and  they  have  been 
estimated  based  on  Eq.  (10).  Table  II  indicates  that  the  Ys/Up-n 
ratio  of  these  B2  alloys  ranges  from  6  to  86  when  Yapb  is  ignored. 
In  contrast,  the  Ys/(Up-n+Yapb)  ratio  ranges  from  3.6  to  43.6 
when  Yapb  is  included.  In  general,  Al  and  Mo  additions  decrease 
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the  ductility  index,  while  Ti  additions  increase  it.  Both  y$/Up.N 
and  Ys^p-n+Yapb)  correlate  well  with  the  tensile  elongation  data 
reported  for  the  B2  alloys,  but  the  available  data  are  limited. 


Furthermore,  the  ductility  index  must  exceed  14  in  order  to  obtain 
at  least  4%  tensile  elongation.  The  tensile  elongation  is  nil  when 
the  ductility  index  is  less  than  10,  Thus,  p  >  10  may  be  used  as 
a  BTDT  criterion  for  Nb-Ti~Cr-Al  solid  solution  alloys. 
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Figure  3,  Computed  values  of  Ys^p-n4Tapb)  f°r  Nb-xTi-15AI 
solid  solution  alloys  with  the  B2  structure, 
Yapb  =  F(XTj)  indicates  Yapb  *s  a  function  of  XTi  as 
given  in  Eq.  (10), 

The  ductility  index  has  been  used  to  correlate  with  tensile 
elongation  and  fracture  toughness  of  disordered  Nb-Ti-Cr-Al 
alloys  as  well  as  ordered  B2  Nb-Ti-Al  alloys.  Least-square  fits 
with  4th  order  polynomial  function  was  used  as  shown  in 
Figure  4,  The  correlation  for  the  tensile  elongation  indicates  that 
the  tensile  elongation  increase  with  the  ductility  index. 


Nb-xTi-15Al 

{62} 

YaPB  " 

=  0 

Yapb  “ 

0.015  J/m* 

Yapb  = 

0.18  J/m2 

Yapb  “ 

ppy 

{110} [111]  Slip 
Edge  Dislocations 


v 


Pure  Nb 


Figure  4.  Correlation  of  tensile  elongation,  El,  against  Ys^Up-N 
for  Nb-Ti-Al  and  Nb-Ti-Cr-Al  alloys.  A  tensile 
elongation  of  4  pet,  requires  Ys^p.n  >  .  14. 
Experimental  data  are  from  Jackson  and  Jones  [21], 
Jones  [20],  and  from  Ye  et  al.  [22]  (from  Chan  [4]). 


Table  II.  Computed  Values  of  UP_N,  ys,  Yapb*  Ys^p-n*  and  YsWp-n^Yapb)  Compared  Against  Tensile  Elongation  for 
Various  B2  Nb-Ti-Al-X  Alloys 


B2  Alloy 

Up.N,J/m2 

Ys.  J/m2 

Yapb,  J/m2 

Ductility  Index 

Tensile 
Elongation,  % 

_  Ys^Up-n 

YsWp.n+Yapb) 

Nb-10Ti-I5AI  [18, 22] 

0.441 

2.251 

0,18 

5.1 

3.6 

0-0,17  [18, 221 

0.185 

2.166 

0,098* 

11.7 

7.7 

■QQim 

isrsfiggHgiEgf— 

2.138 

0.07* 

16.2 

^beshhi 

0.068 

2.082 

0.015 

30.6 

25.1 

Ewa 

KiaaiimwtBlii'ji— 

0.068 

1,896 

27.9 

22.8 

— 

0.154 

1,726 

■QOEQHi 

11.2 

10.2 

— 

0.028 

1.879 

mSEEBHI 

86.2 

43,6 

— 

0.340 

^ | 

6.0 

5,3 

— 

Nb-40Ti- 1 2A1- 1 ,5Mo  [23] 

0,062 

2.110 

0.015* 

33,9 

27,4 

11,4  [23] 

Nb-3 1  Ti- 1 3  Al-5Cr  [20] 

0.150 

2.078 

0.07* 

13.8 

9.4 

11.8  [201 

*  Computed  based  on  Eq.  (10), 


Alummides,  Silieides.  and  Laves  Phases 

The  P-N  barrier  energy  for  several  aluminides,  silicides,  and 
Laves  phases  were  estimated  using  Eq,  (1),  Isotropic  elastic 
materials  were  assumed  so  that  k  =  1  in  Eq.  (2)  and  k  =  1/(1  -v) 
in  Eq,  (3),  where  v  is  the  Poisson’s  ratio  and  the  elastic-constant  c 
was  computed  based  on  Young’s  and  shear  moduli,  Farkas 
previously  computed  the  unstable  stacking  fault  energies 
for  FeAl,  NiAl,  CoAl,  Ni3Al,  and  TiAl  using  an  embedded  atom 
method  (EAM)  [14,  15],  These  yus  values  were  used  in 
conjunction  with  Eq.  (1)  to  obtain  the  P-N  barrier  energy,  Ys 
and  Yapb  were  also  reported  by  Farkas  [14,  15]  and  they  were 
used  to  compute  the  energy  ratios.  For  Nb5Si3  and  NbCr2,  Yus 


and  ys  by  first  principal  calculations  are  not  available.  For  these 
materials,  Yus  values  were  estimated  based  on  the  Rice  equation, 
Eq,  (2)  with  k  =  1 ,  while  ys  was  assumed  to  be  2  J/m2.  Results  of 
the  yUS)  c,  b,  d}  UP_N)  Ys*  and  Ys^Ur-n  are  summarized  in 
Table  III,  which  also  lists  the  fracture  toughness,  Kc,  of  the 
intermetal  lies.  The  Ys^Up-n+Yapb)  ratios  forNbCr2  and  Nb5Si3 
are  less  than  0.5,  while  the  others  range  from  2  to  25.  The  Yapb 
term  is  important  in  Ni3Al  and  TiAl  since  the  yAPB  is  considerably 
larger  than  the  UP_N.  The  fracture  toughness  correlates  better  with 
the  Ys/(Up_n+Yapb)  than  with  Ys^-Jf-n*  It  is  illustrated  in  Figure  5, 
which  shows  a  plot  of  Kc  as  a  function  of  Ys^p-n+Tapb)- 
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Table  III.  Summary  of  Crystal  Structure,  Slip  System,  Lattice  Parameter  (a0),  Burgers  Vector  (b),  Slip  Plane  Spacing,  (d),  c,  y,  yus,  Yapb, 
Up.N,  Ductility  Index,  and  Fracture  Toughness  (Kc)  of  Various  Aluminides,  Niobium  Silicides,  and  Laves  Phase. 


Material 

Structure 

Slip  System 

a0(nm) 

b(nm) 

— 

d(nm) 

c(GPa) 

V, 

Yus, 

ys. 

Yapb 

L)p.N 

Ductility  Index 

Kc, 

deg. 

(J/m2) 

(J/m2) 

(J/m2) 

(J/m2) 

Ys/Dp.n 

Ys/(Lp.n+Yapb) 

MPaVm 

C15 

uuiinHI 

vKii i 

m 

IHI 

2 

K’ftl 

4.2 

0.48 

0.47 

amu 

D8, 

IiIIHiIIM 

mm 

QQ^I 

BT£»I 

[EH 

mm 

2 

9.8 

0.20 

0.20 

wmm 

mnsm 

B2 

ramam 

0.291 

0.252 

62.9 

0.377 

1.282 

7 

IFliEil 

nm 

B2 

nmn 

0.288 

fflEgEl 

ME! 

61.9 

EIEH 

am 

Bfggn 

5.2 

mm 

sssnzm 

Runn 

0.286 

PRF1 

65.1 

IKE  El 

EEH) 

wxwm 

2.0 

iliEll 

moH 

mam 

imiw/iMni 

0.357 

70.3 

El  El 

um 

ggEB 

12 

SBHEH 

MEM 

inmii 

0.403 

0.164 

78.7 

PlFfl 

HiKi 

fiiroi 

RgIBH 

IRUISi 

3.5 

wmsm 

laamrawin 

B2 

(no)ri  i  n 

pyxii 

BH 

KEH 1 

0.441 

3.6 

EQ@| 

Nb-25Ti-15Al 

B2 

wamasm 

MfcHrf 

EHH 

in 

H0 

0.827 

MilU 

.185 

11.7 

7.7 

ISil 

Nb-40Ti~15Al 

B2 

nmnn 

Egg 

HP! 

0.725 

2  of  2 

P3FJH 

.132 

30.6 

25.1 

+  Interlamellar  fracture 


#  R  =  1/6  [1 1  2  ]  +  1/12  [1 1 1]  synchroshear 
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Figures.  Increasing  fracture  toughness  (Kc)  with  increasing 
values  of  the  ductility  index  defined  in  terms  of 
the  Ys/(Up-n+Yapb)  ratio  for  various  intermetal  lies. 

Discussion 

The  results  of  this  investigation  indicate  that  a  ductility  index  may 
be  used  to  assess  the  effects  of  alloying  addition  on  the  tensile 
elongation  ofNb-based  bcc  and  B2  solid  solution  alloys, 
including  the  brittle-to-ductile  fracture  transition.  In  addition,  the 
ductility  index  is  also  applicable  to  intermetal  lies  with  more 
complex  ordered  crystal  structures  and  slip  systems.  Ordering  is 
likely  to  reduce  the  tensile  ductility  and  fracture  toughness,  as 
ordering  reduces  dislocation  mobility  Even  a  small  value  of  the 
stacking  fault  or  antiphase  boundary  energy  can  have  a  large 
effect  on  the  ductility  index  when  the  magnitude  of  Ysf  or  yAPB  is 
comparable  to  the  Peierls-Nabarro  barrier  energy. 

A  detailed  examination  of  the  various  term  that  contribute  to 
the  P-N  barrier  energy  has  revealed  that  alloying  addition  affects 
mostly  the  lattice  phase  angle,  vp,  which  depends  on  the  Burgers 
vector,  the  slip  plane  spacing,  and  the  elastic  constants.  The  ratio 
of  d/b,  on  the  other  hand,  depends  on  the  crystal  structure  and  the 
operative  slip  system.  Alloying  alters  the  Burgers  vector,  the  slip 
band  spacing,  and  the  elastic  constants  only  slightly  and  has  little 
effects  on  the  surface  energy  and  the  unstable  stacking  energy. 
Alloying,  however,  has  a  significant  effect  on  the  P-N  energy 
because  small  changes  in  \\i  is  magnified  by  the  sinh  (2y/)  term  in 
the  expression  for  UP_N,  Eq.  (1)  Figure  6  shows  a  plot  of  the 


change,  A vp,  of  the  lattice  phase  angle  as  a  function  of  alloying 
addition,  where  Av|/=i|/(Nb-X)-\j/(Nb).  Ductilizing  elements  such 
as  Ti,  Zr,  and  Hf  increase  the  lattice  phase  angle,  while 
embrittling  elements  such  as  Cr,  Al,  Mo,  W,  and  Re  decrease  the 
lattice  phase  angle.  The  P-N  barrier  energy  approaches  zero 
when  v| /  is  large.  Thus,  a  large  lattice  phase  angle  is  desirable 
from  tensile  ductility  and  fracture  resistance  points  of  view. 


Figure  6.  Change  of  the  lattice  phase  angle 
Avp  =  v|/(Nb-X)-\|/(Nb),  as  a  function  of  alloying 
addition  for  various  Nb-X  binary  alloys.  Ductilizing 
elements  (Ti,  Hf,  and  Zr)  increases  the  lattice  phase 
angle  (Avp  >  0),  while  embrittiling  elements  (Cr,  Al, 
Mo,  W,  and  Re)  decreases  the  lattice  phase 
angle  (Avp  <  0). 

Physically,  the  vy  parameter  can  be  considered  as  a  measure  of  the 
distortion  in  the  periodic  lattice  created  by  a  dislocation.  For  a 
perfect  lattice,  an  arbitrary  Burgers  circuit  is  closed, 
yielding  vp  =  27t.  In  contrast,  the  same  Burgers  circuit  enclosing  a 
dislocated  lattice  would  be  open  and  give  vy  <  2n.  Since  \p 
depends  on  d/b,  which  in  turn,  the  ratio  depends  on  the  crystal 
structure  and  the  slip  system,  alloying  addition  would  exert  a 
significant  impact  on  vp  and  the  P-N  barrier  energy  structure.  The 
significant  impact  that  crystal  structure  exerts  on  and  UP.N  are 
evident  in  Table  III.  In  the  absence  of  a  structural  change, 
alloying  additions  can  alter  the  vp  parameter  by  affecting  the 
elastic  constants,  Cy,  which  in  turn  changes  the  line  energy  of  the 
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dislocation  through  the  k/c  ratio  in  Eq.  (3).  As  the  line  energy  of 
the  dislocation  is  changed,  so  is  the  P-N  barrier  energy  and* 
consequently,  the  dislocation  mobility  and  the  ductility  index. 

Although  only  the  results  for  similar  Nb5Si3  and  NbCr2  are 
presented  in  Table  III,  similar  results  for  Nb3Al  (A  15) 
and  Nb3Si  (A  15,  Ll2}  Ti3P,  and  Perovskite  cubic)  were  also 
obtained.  For  most  Nb-based  silicides  and  Laves  phases,  the  UP.N 
value  is  usually  high  and  the  ductility  index  is  low.  On  the  other 
hand,  the  results  on  B2  Nb-Ti-Ai  indicates  that  a  high  ductility 
index  can  be  achieved  in  an  intermetal  lie  when  the  lattice  phase 
angle,  v|/,  is  high,  and  yAPB  is  small.  A  high  y  angle  requires  a 
high  d/b  ratio,  which  is  generally  observed  on  close-packed  slip 
planes  and  close-packed  slip  directions.  To  enhance  the  ductility 
and  fracture  resistance  of  silicides  and  Laves  phases,  alloying 
additions  must  be  directed  toward  promoting  a  change  of  the 
crystal  structure  and  the  operative  slip  systems  from  low  d/b 
ratios  to  those  with  high  d/b  values. 

Conclusions 

The  conclusions  reached  in  this  study  are  as  follows: 

L  Alloying  has  a  significant  effect  on  the  Peierls-Nabarro 
barrier  energy  and  the  brittle-to-ductile  fracture  transition  by 
virtue  of  its  influence  on  the  lattice  phase  angle. 

2.  Alloying  reduces  the  Peierls-Nabarro  barrier  and  enhances 
tensile  elongation  and  fracture  resistance  when  it  increases 
the  lattice  phase  angle.  The  opposite  is  true  when  alloying 
reduces  the  lattice  phase  angle. 

3.  Even  a  small  stacking  fault  or  antiphase  boundary  energy 
can  exert  a  significant  effect  on  the  ductility  index  when  the 
fault  energy  is  on  the  order  of  the  Peierls-Nabarro  barrier 
energy. 

4.  The  tensile  elongation  and  fracture  resistance  of  several  solid 
solution  alloys  and  intermetallics  increases  with  increasing 
values  of  the  ductility  index. 
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Cyclic  Oxidation  Response  of  Multiphase 
Niobium-Based  Alloys 


KWAI  S.  CHAN 

Cyclic  oxidation  tests  were  performed  on  multiphase  Nb-based  alloys  containing  silicide,  Laves,  and 
Nb  solid  solution  phases.  In  particular,  the  oxidation  resistance  of  six  alloys  with  various  compositions 
(Nb,  Ti,  Hf,  Cr,  Ge,  and  Si)  and  microstructures  was  characterized  by  thermal  cycling  from  ambient 
temperature  to  a  peak  temperature  that  ranges  from  900  °C  to  1400  °C.  Weight  change  data  were  obtained 
and  the  corresponding  spalled  oxides  were  collected  and  identified  by  X-ray  diffraction.  The  results 
indicated  that  Nb-based  alloys  formed  a  mixture  of  CrNb04,  Nb205,  and  Nb205  •  Ti02,  with  possibly 
small  amounts  of  Si02  or  Ge02.  The  oxidation  resistance  was  improved  when  CrNb04  formed  instead 
of  Nb205  and  Nb205  •  Ti02.  These  results  were  used  to  assess  the  influence  of  microstructure  and 
composition  on  the  oxidation  resistance  of  multiphase  Nb-based  alloys. 


L  INTRODUCTION 

EXTENSIVE  work  has  been  undertaken  to  develop 
niobium-based  structural  alloys  for  high-temperature  appli¬ 
cations.  The  early  studies  ( e.g .,  References  1  through  9) 
focused  mostly  on  the  use  of  alloying  addition  to  reduce  the 
oxidation  kinetics  of  Nb  alloys  by  modifying  the  oxidation 
products.  The  early  efforts,  which  were  reviewed  extensively 
by  Stringer[10]  and  others,111,12,131  were  largely  unsuccessful 
because  of  the  formation  of  Nb205,  a  nonprotective  oxide, 
which  was  too  dominant  to  be  altered  by  alloying  addition. 
Subsequent  studies114"191  were  concentrated  on  an  aluminide- 
based  system  and  the  use  of  A1  addition  to  improve  oxida¬ 
tion  resistance  of  Nb-based  alloys  through  the  formation  of 
a  protective  alumina  layer.  While  the  formation  of  a  protec¬ 
tive  alumina  was  feasible,  the  resulting  alloys  had  low  melting 
points  and  were  too  brittle  to  be  used  as  structural  materials.1161 

Recent  efforts  have  focused  mostly  on  materials  that  contain 
substantial  amounts  of  niobium  silicides  and  Laves  phases.120-321 
These  new  systems  include  Nb-Si,  Nb-Ti-Si,  Nb-Ti-Al-Si, 
Nb-Ti-Cr-Si,  and,  among  others,  Nb-Ti-Hf-Cr-Al-Si.  In  these 
Nb-based  alloys,  Ti  and  Hf  additions  are  intended  for  improve¬ 
ment  in  fracture124,33,341  and  oxidation  resistance.132,351  The  Cr, 
Al,  and  Ge  additions132,351  are  intended  to  enhanc  oxidation 
resistance,  while  Si  is  intended  to  provide  oxidation  and  creep 
resistance1351  through  the  formation  of  various  refractory-metal 
silicides  (e.g.,  alloyed  Nb5Si3,  Nb3Si,  Ti5Si3,  and  Ti3Si)  and 
Laves  phases  (e.g.,  alloyed  NbCr2).  Often  referred  to  as  refrac¬ 
tory  metal  intermetallic  composites  (IMCs), 128,291  the  salient 
characteristics  of  these  Nb-based  alloys  are  multiphase 
microstructures  comprised  of  silicides,  Laves  phases,  and  Nb 
solid  solution.  Hereafter,  these  Nb-based  materials  will  be 
referred  to  either  as  multiphase  alloys  or  in-situ  composites 
in  this  article.  The  silicides  and  Laves  phases  are  intended  to 
provide  high-temperature  strength  and  oxidation  resistance, 
while  the  “ductile”  Nb  solid  solution  is  intended  to  provide 
tensile  ductility  and  fracture  resistance  at  ambient  temperature. 
The  oxidation  resistance  of  these  multiphase  Nb-based  alloys, 
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which  is  substantially  better  than  that  of  conventional  Nb 
alloys,122,25,26,28,321  is  comparable  to  that  of  Ni-based  superal¬ 
loys  at  1000  °C.  Unfortunately,  the  oxidation  resistance  of  the 
multiphase  Nb-based  alloys  is  still  inadequate  for  structural 
materials  in  the  1200  °C  to  1400  °C  range,  as  the  oxides  that 
formed  on  these  materials  are  nonprotective.122,25,26,28,321  To 
improve  the  oxidation  resistance,  it  is  necessary  to  promote 
the  formation  of  a  protective  oxide  layer  on  the  Nb-based 
alloys. 

Wang  et  a/. 136,371  and  Gesmundo  et  a/. 138,391  recently  analyzed 
the  critical  conditions  for  the  formation  of  nonprotective  and 
protective  oxide  scales  on  a  generic  two-phase  binary  alloy. 
These  results  indicated  that  for  two-phase  alloys,  the  critical 
value  of  the  average  concentration  of  the  active  element 
required  for  the  exclusive  growth  of  a  protective  oxide  layer 
is  higher  than  that  for  single-phase  alloys.  The  critical  values 
depend  also  on  the  solubility  of  the  active  element  in  the  solid 
solution,1371  as  well  as  the  volume  fraction,  the  size,  and  the 
shape  of  the  second  phase.1361  Current  understanding  on  the 
formation  of  protective  Cr203,  A1203,  and  Si02  scales  on  iron-, 
nickel-,  and  cobalt-based  alloys  is  summarized  in  a  recent 
review  article.1401  Very  little  information,  however,  is  available 
on  the  conditions  required  for  the  formation  of  a  protective 
oxide  scale  on  Nb-based  materials.  Thus,  it  is  unknown 
whether  any  of  these  theoretical  oxidation  models  can  be 
applied  to  improve  the  oxidation  resistance  of  multiphase 
Nb-based  alloys. 

This  article  presents  the  results  of  an  investigation  whose 
objectives  were  (1)  to  characterize  the  cyclic  oxidation  behavior 
of  several  multiphase  Nb-based  alloys  and  (2)  to  develop  an 
oxidation  model  and  approach  for  enhancing  the  oxidation 
resistance  of  Nb-based  multiphase  alloys  or  in-situ  compos¬ 
ites.  Experimental  characterization  of  the  oxidation  resistance 
of  the  six  Nb-based  alloys  is  presented  in  this  article,  while 
the  results  of  the  modeling  effort  are  described  elsewhere.1411 
In  particular,  cyclic  oxidation  tests  were  performed  on  six 
alloys  with  various  compositions  and  microstructures  at  tem¬ 
peratures  ranging  from  900  °C  to  1400  °C.  Weight  change 
data  were  obtained  and  the  corresponding  spalled  oxides  were 
collected  and  identified  by  X-ray  diffraction.  These  results 
were  used  to  assess  the  influence  of  microstructure  and  alloy 
composition  on  the  oxidation  resistance  in  Nb-based  multi¬ 
phase  alloys. 
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II,  EXPERIMENTAL  PROCEDURE 

The  oxidation  resistance  of  six  experimental  Nb-based 
multiphase  alloys  was  studied  in  this  investigation.  Four 
of  the  alloys  (Nbx,  AX,  Ml,  and  M2)  were  fabricated  at 
Pittsburgh  Materials  Technology  (Pittsburgh,  PA),  while  two 
alloys  (UES-AX  and  CNG-1B)  were  cast  at  the  Air  Force 
Research  Laboratory  (Dayton,  OH),  The  compositions  and 
interstitial  contents  of  the  in-situ  composites,  shown  in 
Table  I,  were  determined  by  a  commercial  vender  (Chicago 
Spectro  Service  Laboratory,  Chicago,  IL)  using  ASTM  stan¬ 
dard  methods.[42] 

Rectangular  strip  specimens  (40  X  6  X  3  mm)  were  cut  from 
the  cast  buttons  and  heat-treated  in  a  flowing  Ar  gas  atmos¬ 
phere.  The  heat-treatment  conditions  included  (1)  1350  °C/ 
lOOh/fumace  cool  and  (2)  1350  °C/24  h/fumace  cool.  The 
microstractures  of  the  heat-treated  materials  (1350  °C  for 
100  hours)  are  shown  in  Figure  L  The  microstractures  of  the 
as-cast  materials  were  similar  to  those  shown  in  Figure  1,  but 
the  volume  percents  of  individual  phases  were  different. 
Individual  phases  in  the  microstructure  were  identified  by  dis¬ 
persive  energy  spectroscopy,  while  their  volume  fractions  were 
measured  by  performing  quantitative  metallographie  analyses 
on  micrographs  of  the  microstructure  taken  in  the  backscat- 
tered  scanning  electron  mode  (BSE).  Details  of  the  experi¬ 
mental  procedure  were  described  earlier,1431  In  the  BSE  images 
shown  in  Figures  1(a)  through  (f),  the  dark  phase  is  the  Laves 
phase,  the  gray  phase  is  the  silicide,  and  the  light  phase  is  the 
Nb-solid  solution,  Nbss,  In  Figure  1(d),  the  light  phase  along 
the  grain  boundary  is  a  Ge-rich  intermetallic,  while  the  gray 
phase  is  the  Nb-solid  solution.  The  white  phase  in  Figure 
1(e)  is  a  Ti-rich  silicide.  The  composition  of  individual  phases 
and  their  volume  fractions  in  the  in-situ  composites  are  sum¬ 
marized  in  Table  II  and  HI,  respectively. 

As  shown  in  Table  I,  Nbx  contained  low  Cr  and  Si,  It  was 
intended  to  be  a  solid  solution  alloy.  The  presence  of  3  pet 
Ge,  however,  led  to  the  formation  of  Ge-rich  intermetallics 
(light  phase)  along  the  grain  boundaries  (Figure  1(d)).  Com¬ 
pared  to  Nbx,  Ml  contained  higher  Cr  and  Si  contents  and 
exhibited  higher  volume  fractions  of  Laves  phase  (dark  or 
black  phase)  and  silicides  (gray  phase).  Among  all  of  these 
alloys,  M2  contained  the  highest  Cr  and  Si  and  exhibited  the 
largest  volume  fractions  of  Laves  and  silicide  phases.  Alloys 
AX  and  UES-AX  are  essentially  the  same  alloy,  but  were 
processed  at  two  different  laboratories.  Their  Si  contents  laid 
between  those  of  Ml  and  M2,  while  the  Cr  contents  were 
almost  the  same  as  Ml.  Alloy  CNG-1B  contained  Fe  and  Sn 
additions,  which  were  intended  to  improve  low-temperature 
oxidation  resistance.  Heat  treatment  varied  the  volume 


percents  of  the  silicides  in  individual  alloys,  but  the  volume 
percents  of  the  Laves  phase  remained  essentially  unchanged 
before  and  after  heat  treatment. 

The  cyclic  oxidation  specimens,  12.7  X  6  X  3  mm  in  size, 
were  cut  from  rectangular  strips  in  the  as-cast  as  well  as 
heat-treated  conditions.  Cyclic  oxidation  tests  were  performed 
by  heating  coupon  specimens  to  the  maximum  tempera¬ 
ture,  which  ranged  from  900  °C  to  1400  °C.  The  specimens 
were  held  at  the  peak  temperature  for  22  hours  and  then 
furnace  cooled  to  ambient  temperature  in  2  hours.  The  speci¬ 
mens  were  weighed  before  and  after  each  thermal  cycle. 
This  process  was  repeated  for  a  total  oxidation  time  of  up 
to  —500  hours,  depending  on  the  oxidation  temperature. 
Weight  change  data  were  obtained  as  a  function  of  time  of 
oxidation.  The  oxide  spalls  were  collected  in  a  ceramic  dish 
for  individual  alloys.  After  cyclic  oxidation  tests,  the  types 
of  oxides  formed  were  determined  by  X-ray  diffraction. 
Metal  recessions  were  measured  on  sectioned  specimens 
using  metallographie  techniques. 


ffl,  RESULTS 

The  weight  change  data  of  M2  and  Ml  for  cyclic  oxida¬ 
tion  at  various  peak  temperatures  are  presented  in  Figures  2(a) 
and  (b),  respectively.  At  1100  °C,  M2  exhibited  small  weight 
gain,  but  began  to  show  small  weight  loss  after  500  hours. 
The  weight  change  increased  for  thermal  cycling  at  900  °C, 
1200  °C,  1315  °C,  and  1400  °C  (Figure  2(a)).  In  contrast.  Ml 
exhibited  large  weight  loss  at  all  temperatures,  as  shown  in 
Figure  2(b).  Figures  3(a)  and  (b)  present  the  weight  change 
curves  of  AX  and  UES-AX,  respectively.  Alloy  AX  showed 
similar  weight  change  curves  for  1100  °C,  1200  °C,  and 
1315  °C,  but  large  weight  loss  at  900  °C  (Figure  3(a)).  For 
UES-AX,  the  weight  change  curves  were  similar  for  1000  °C 
and  1200  °C,  Weight  loss  increased  when  the  maximum 
cycling  temperature  was  either  increased  to  1315  °C  or 
decreased  to  900  °C. 

The  weight  change  curves  of  various  alloys  are  com¬ 
pared  in  Figure  4(a)  and  (b)  for  900  °C  and  1100  °C  and 
in  Figures  5(a)  and  (b)  for  1200  °C  and  1315  °C,  respect¬ 
ively.  Nbx  exhibited  large  weight  loss  at  all  four  tempera¬ 
tures;  the  results  for  900  °C  and  1000  °C  are  presented  in 
Figure  4,  while  those  for  1200  °C  and  1315  °C  are  not 
shown.  Ml  and  CNG-1B  exhibited  less  oxide  spallation 
than  the  other  alloys  at  900  °C,  but  both  spalled  more  at 
higher  temperatures  (1100  °C  or  higher).  M2  was  more 
resistant  to  weight  loss  than  other  alloys  at  1100  °C, 
1200  °C,  and  1315  °C,  but  showed  somewhat  larger  weight 


Table  I.  The  Actual  Chemical  Composition  and  Interstitial  Contents  of  Nb-Base  Multiphase  Alloys  Investigated  in  This  Study 


Compositions  (At.  Pet)  Interstitial  Contents  (Wt  Ppm) 


Alloy 

Nb 

Ti 

Hf 

Cr 

Si 

Ge 

C 

N 

O 

Nbx 

62.7 

26.6 

4.2 

2.5 

1.0 

3,0 

<100 

62 

210 

Ml 

46,3 

22.2 

4.4 

12.3 

9.7 

5.1 

<100 

34 

320 

M2 

35,8 

22.5 

4.0 

15.6 

17.3 

4,8 

100 

26 

220 

AX 

41.3 

22.4 

3.9 

12.5 

14.8 

5.1 

100 

60 

220 

UES-AX 

41.2 

23.0 

4.7 

11.2 

15.2 

4.7 

100 

36 

280 

CNG-1B* 

48.7 

21.5 

2.0 

6.7 

9.0 

4.7 

200 

44 

320 

*Also  contained  3.5  pet  Fe,  2.6  pet  Al,  and  1,3  pet  Sn, 
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Fig.  1— Microstructures  of  Nb-based  multiphase  alloys  in  the  as-cast  and  heat-treated  (1350  °C  for  100  h)  conditions:  (a)  as-cast  M2,  (b)  as-cast  AX, 
(c)  as-cast  Ml,  (d)  as-cast  Nbx,  (e)  heat-treated  UES-AX,  and  (/)  heat-treated  CNG-1B. 


loss  at  900  °C  (Figure  4(a)).  Alloys  AX  and  UES-AX  were 
more  prone  to  weight  loss  than  M2  at  all  four  temperatures. 
At  1200  °C,  both  AX  and  UES-AX  exhibited  repeated 
sequential  weight  gain  and  loss  behaviors  (Figure  5(a)). 
All  alloys  showed  substantial  weight  loss  at  1315  °C  after 
100  hours  of  thermal  cycling.  Weight  change  data  of  AX 
(GE-AX)  reported  by  Bewlay  and  Jackson[44]  are  compared 
against  current  data  in  Figure  5.  The  two  sets  of  data  were 


consistent  even  though  they  were  generated  under  different 
thermal  cycling  rates. 

The  oxide  spalls  of  individual  alloys  were  identified  by  X-ray 
diffraction  peaks  and  comparing  the  characteristic  diffrac¬ 
tions  peaks  against  the  JCPDF  standards. [45]  Figures  6(a) 
through  (d)  present  the  results  of  M2  for  900  °C,  1 100  °C, 
1315  °C,  and  1400  °C,  respectively.  A  mixture  of  oxides  formed 
on  M2,  including  CrNb04,  Nb205,  Ti2Nb10O29,  and  Nh205  •  Ti02. 
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Table  II.  The  Chemical  Compositions  and  Crystal  Structures  of  Constituent  Phases  in  Various  Nb-Based  Multiphase 

Alloys  in  the  As-Cast  and  Heat-Treated  Conditions 


Alloy 

Heat 

Treatment 

Nbss  Phase  (Bcc) 

Silicide  Phase*  (D8t) 

Laves  Phase  (Cl 4) 

Ge-Rich  Phase 
(Unknown) 

M2-1 

as-cast 

— 

Nb-23Ti-3Hf-4Cr- 

6Ge-28Si 

Nb-12Ti-4Hf- 

52Cr-2Ge-9Si 

— 

Ml-1 

as-cast 

Nb-20Ti-3Hf- 

12Cr-4Ge-4Si 

Nb-20Ti-4Hf-3Cr- 

10Ge-25Si 

Nb-10Ti-4Hf- 

49Cr-2Ge-9Si 

— 

AX-1 

as-cast 

Nb-24Ti-3Hf- 

14Cr-2Ge-lSi 

Nb-2 1  Ti-3Hf-3Cr- 
8Ge-27Si 

Nb-15Ti-6Hf- 

49Cr-2Ge-8Si 

— 

Nbx-1 

as-cast 

Nb-29Ti-4Hf- 

3Cr-3Ge-3Si 

— 

— 

Nb-39Ti-6Hf-3Cr- 

9Ge-6Si 

UES-AX 

1350  °C/100  h 

Nb-26Ti-3Hf- 

14Cr-3Ge-lSi 

Nb-24Ti-4Hf-  ICr- 
6Ge-29Si 

Nb-12Ti-3Hf- 

54Cr-lGe-8Si 

— 

M2-3 

1350  °C/100  h 

Nb-23Ti-lHf- 

10Cr-3Ge-3Si 

Nb- 1 9Ti-5Hf-2Cr- 
7Ge-28Si 

Nb-12Ti-4Hf- 

50Cr-2Ge-8Si 

— 

Ml-3 

1350  °C/100h 

Nb-18Ti-lHf- 

10Cr-2Ge-3Si 

Nb- 1 7Ti-5Hf-3Cr- 
12Ge-23Si 

Nb-10Ti-4Hf- 

49Cr-2Ge-9Si 

— 

AX-3 

1350  °C/100  h 

Nb-20Ti-lHf- 

10Cr-3Ge-3Si 

Nb- 1 8Ti-5Hf- 1  Cr- 
8Ge-28Si 

Nb-llTi-4Hf- 

48Cr-2Ge-9Si 

not  determined 

Nbx-3 

1350  °C/100h 

Nb-24Ti-3Hf- 

3Cr-4Ge-3Si 

— 

— 

Nb-28Ti-19Hf- 

0.3Cr-27Ge-10Si 

CNG-1B** 

1350  °C/100  h 

Nb-21Ti-lHf- 

8Cr-0.8Ge-0.8Si- 

2.6Fe-2Sn-2Al 

Nb-19Ti-2.3Hf- 
1 ,7Cr-9.5Ge-20Si- 
2Al-1.8Fe-lSn 

Nb-15Ti-2.8Hf- 
3 1  Cr- 1  Ge-8Si-2  Al- 
15Fe-0.1  Sn 

The  characteristic  peaks  of  the  latter  two  oxides  overlap  exten-  Nb205  *  Ti02  in  M2  at  900  °C  and  1315  °C  laid  in  between  those 

sively  and  could  not  be  delineated  with  a  degree  of  confidence,  for  1 100  °C  and  1400  °C,  as  shown  in  Figures  6(a)  and  (c). 

The  small  peak  at  26  =  21.8  deg  was  identified  as  possibly  The  oxides  formed  in  Ml,  AX,  UES-AX,  and  CNG-1B 

that  of  Ge02  or  cristoballite  Si02.  The  JCPDF  identification  at  1 100  °C  are  compared  in  Figure  7,  The  comparison  indi¬ 
card  numbers  of  these  oxides  are  indicated  in  Figure  6.  While  cated  that  all  four  alloys  formed  a  mixture  of  CrNb04,  Nb205, 

the  types  of  oxides  formed  ’were  similar,  the  relative  amounts  Ti2Nb10O29,  and  Nb2Os  *  Ti02.  The  X-ray  diffraction  pat- 

formed  were  different  for  various  temperatures.  At  1 100  °C,  terns  of  the  oxides  formed  in  these  alloys  are  similar  to  those 

CrNb04  appeared  to  be  the  predominant  oxide  formed  on  M2  observed  in  M2  at  1100  °C,  but  with  lower  CrNb04  peak 

by  virtue  of  the  relative  peak  heights  of  this  oxide  compared  heights  and  higher  Nb205  peak  heights.  For  Nbx,  the  oxide 

to  those  for  other  oxides  (Figure  6(b)).  In  contrast,  Nb205,  spalls  were  primarily  Nb205  *  Ti02  with  little  or  no  CrNb04, 

Ti2Nb10O29,  and  Nb2Os  *  Ti02  were  the  predominant  oxides  but  small  amounts  of  Ge02  could  be  present.  The  oxidation 

and  little  CrNb04  oxides  were  observed  at  1400  °C,  as  shown  products  observed  in  all  six  alloys  are  consistent  with  those 

in  Figure  6(d).  The  peak  heights  for  Nb205,  Ti2Nb10O29,  and  reported  for  Nb  alloys  and  NbCr2  in  the  literature. [UJ(U4] 
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Fig.  2 — Weight  change  data  of  as-cast  M2  and  Ml  at  various  peak  tem-  Fig.  3 — Weight  change  data  of  AX  and  UES-AX:  (a)  as-cast  AX  and  ( b ) 
peratures:  (a)  M2  and  (b)  Ml.  heat-treated  UES-AX  (1350  °C/100  h/fumace  cooled). 


IV.  DISCUSSION 

In  a  recent  article, [46]  Menon  et  ah,  reported  the  static 
oxidation  behavior  of  a  number  of  Nb-silicides  containing  mul¬ 


ticomponent  alloys  for  the  temperature  range  of  600  °C  to 
1300  °C.  The  oxidation  products  observed  in  these  alloys,  which 
include  TiNb207,  CrNb04,  cristoballite  Si02,  3Nb205  •  Ti02, 
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Fig.  6 — Characteristic  XRD  peaks  of  oxide  spalls  of  alloy  M2  for  various  peak  cyclic  oxidation  temperatures:  (a)  900  °C,  (b)  1 100  °CS  (c)  1315  °C,  and  (d)  1400  °C. 


and  Nb205,  are  consistent  with  those  observed  in  this  study 
for  cyclic  oxidation.  Their  results  also  indicated  that  the  Nb 
solid  solution  phase  oxidized  selectively,  while  the  silicide 
phase  in  the  microstructure  did  not  oxidize.  At  temperatures 
below  900  °C,  internal  oxidation  caused  numerous  microc¬ 
racks  that  laid  parallel  to  the  surfaces  just  below  the  oxide 
layer.  These  microcracks  resulted  in  spallation  of  the  oxide 
scales  and  breakaway  oxidation  at  low  temperature.  The  lower 
cyclic  oxidation  resistance  observed  in  the  current  alloys  at 


900  °C  compared  to  1100  °C  probably  originated  from  this 
type  of  internal  oxidation. 

Among  all  the  alloys  studied,  M2  contained  the  highest 
Cr  and  Si  contents  and  this  alloy  exhibited  the  best  oxidation 
resistance  at  1100  °C  (Figure  6(b)).  At  this  temperature,  the 
oxidation  products  were  mostly  CrNb04  with  small  amounts 
of  Nb205  and  Nb205  *  Ti02,  At  other  temperatures  as  well 
as  in  other  alloys,  the  oxidation  resistance  decreased  with 
increasing  amounts  of  Nb205  and  Nb205  *  Ti02  in  the  oxide 


594— VOLUME  35A,  FEBRUARY  2004 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


mixtures.  For  these  alloys,  the  worst  oxidation  resistance 
occurred  at  1400  °C  and  the  oxide  product  mixture  contained 
mostly  Nb205  and  Nb205  •  Ti02  with  little  CrNb04.  The  inten¬ 
sity  of  the  XRD  pattern  for  CrNb04  occurs  at  26  =  27.3  deg, 
while  those  for  Nb205  and  Nb205  •  Ti02  occur  at  26  =  23.9  deg. 
The  ratio  of  the  intensity,  /CrNbo4.  of  the  CrNb04  peak  at  26  = 
27.3  deg  to  the  intensity,  at  26  =  23.9  deg  can  be 

used  as  a  measure  of  the  relative  amounts  of  CrNb04,  Nb2Os, 
and  Nb205  •  Ti02  in  the  oxidation  product.  The  values  of  this 
relative  intensity  ratio  were  obtained  for  all  six  alloys  tested  at 
various  temperatures.  The  results  are  plotted  as  a  function  of 
volume  percents  of  Nb  solid  solution  phase  in  the  alloy  in 
Figure  8.  The  relative  intensity  ratio  is  seen  to  decrease  with 
increasing  volume  percent  of  Nb  solid  phase  in  the  alloy.  A 
high  /crNbo/^NbjOs-TiOj  ratio  was  observed  only  in  M2  at  1 100  °C 
and  1315  °C.  ' 

A  clear  picture  of  the  relationship  between  the  microstruc¬ 
ture  and  oxidation  resistance  emerged  when  the  relative 
intensity  ratio  and  metal  recession  were  plotted  as  a  function 
of  vol  pet  Nb  solid  phase.  For  example,  Figure  9  shows  the 
results  of  the  relative  intensity  ratio  and  material  recession 
of  the  various  alloys  after  500  hours  of  cyclic  oxidation  at 
a  peak  temperature  of  1100  °C.  Three  general  trends  can 
be  deduced  from  Figure  9:  (1)  high  material  recession  is 
associated  with  the  formation  and  spallation  of  Nb205  and 
Nb205  •  Ti02,  (2)  low  material  recession  is  associated  with 
the  formation  and  spallation  of  CrNb04,  and  (3)  the  for¬ 
mation  and  spallation  of  Nb205  and  Nb205  •  TiOz  is  favored 
in  alloys  containing  high  volume  percents  of  Nb  solid  solu- 
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Fig.  8— XRD  intensity  ratio,  /CrNbo/Ub2o5.Ticv  plotted  as  a  function  of 
volume  percents  of  Nb  solid  solution  in  Nb-based  multiphase  alloys  for 
various  peak  oxidation  temperatures. 


tion  phase,  while  CrNb04  formation  and  spallation  is  favored 
in  alloys  with  high  volume  percents  of  silicide  and  Laves 
phase.  The  lowest  oxidation  resistance  was  observed  in  Nbx, 
which  contained  the  lowest  Cr  content,  while  M2,  which 
contained  the  highest  Cr  content,  exhibited  the  highest 
oxidation  resistance.  Unfortunately,  CrNb04  does  not  offer 
long-term  protection  and  the  oxidation  resistance  of  M2, 
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Fig.  9 — Metal  recession  and  relative  intensity  ratio  plotted  as  a  function 
of  Nb  solid  solution  in  Nb-based  multiphase  alloys  for  cyclic  oxidation  at 
1 100  °C  peak  temperature. 
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Fig.  10 — A  comparison  of  the  weight  change  curves  of  the  Nb-based  mul¬ 
tiphase  alloy  M2  (M2-1  and  M2-2  are  duplicate  specimens)  from  this  study 
against  those  of  four  Ni-based  single-crystal  superalloys,  which  are  RENE 
N5,  RENE  N6,  PWA  1484,  and  CMSX-10RI,  from  Walston  et  aLm 


which  varies  widely  with  temperatures,  is  limited  to  500 
hours  at  1100  °C  and  is  less  at  other  temperatures. 

The  formation  of  mixed  oxides  of  Nb205  and  Ti02  leads 
to  poor  oxidation  resistance  in  Nb-based  multiphase  alloys 
tested  at  other  temperatures  (c.g,,  900  °C  and  1315  °C).  Break¬ 
away  oxidation  (weight  loss  >  50  mg/cm2)  was  common  in 
Nbx  and  Ml  because  these  alloys  contained  large  volume 
percents  (>60  pet)  of  Nbss  in  the  microstructure.  All  alloys 
were  susceptible  to  excessive  oxidation  at  temperatures  above 
1315  °C  because  of  mixed  oxide  formation  involving  Nb205 
and  Ti02.  Only  small  amounts  of  Si02  and  some  Ge  oxides 
were  observed  in  the  Nb-based  alloys.  Thus,  the  role  of  Si 
and  Ge  in  the  oxidation  resistance  appears  to  be  limited.  Heat 
treatment  alters  oxidation  resistance  by  changing  the  Cr 
content  and  the  volume  percents  of  the  Nb  solid  solution 
phase  in  the  microstructure.  A  higher  Cr  content  in  the  Nbss 
enhances  oxidation  resistance,  but  a  larger  volume  percent 
of  Nbss  in  the  microstructure  produces  the  opposite  effect. 


Because  Nb-based  multiphase  alloys  are  intended  for  high- 
temperature  structural  applications,  it  is  of  interest  to  compare 
the  oxidation  resistance  of  M2  against  those  of  Ni-based 
single-crystal  superalloys.  Such  a  comparison  is  presented 
in  Figure  10,  which  shows  that  the  oxidation  resistance  of 
M2  at  1200  °C  is  as  good  as,  if  not  better,  than  those  of 
RENE*  N5  and  N6[47]  for  oxidation  times  up  to  150  hours. 


*RENE  is  a  trademark  of  General  Electric  Aircraft  Engines,  Cincinnati,  OH. 

Furthermore,  M2  exhibits  better  oxidation  resistance  than 
those  of  PWA  1484  and  CMSX-lORi  at  1177  °C.[47]  The 
weight  change  data  of  the  Ni-based  single-crystal  superal¬ 
loys  have  been  computed  by  dividing  the  weight  loss  results 
reported  in  Walston  et  a/J47J  by  the  surface  area  (7,6  cm2f48]). 
This  observation  is  consistent  with  recent  reviews  that  show 
state-of-the-art  Nb-based  multiphase  alloys  exhibit  higher 
oxidation  resistance  than  cast  Ni-based  alloys  at  tempera¬ 
tures  above  «=1100  °c.E32,351 


V.  CONCLUSIONS 

The  cyclic  oxidation  resistance  of  six  Nb-based  multiphase 
alloys  containing  silicides,  Laves  phase,  and  Nb-solid  solution 
phases  in  the  Nb-Ti-Hf-Cr-Ge-Si  system  has  been  investi¬ 
gated.  The  conclusions  reached  in  this  investigation  are  as 
follows. 

1.  The  oxidation  products  associated  with  thermal  cycling 
of  Nb-based  multiphase  alloys  at  a  peak  temperature  of 
900  °C  to  1400  °C  are  a  mixture  of  CrNb04,  Nb2Os, 
Ti2Nb10O29,  and  Nb205  *  Ti02,  with  possibly  small  amounts 
of  Si02  or  Ge02. 

2.  The  oxidation  resistance  of  Nb-based  multiphase  alloys 
were  enhanced  by  the  formation  of  CrNb04  instead  of 
Nb205,  Ti2Nb10O29,  and  Nb205  *  Ti02. 

3.  The  oxidation  resistance  of  Nb-based  alloys  increased 
with  increasing  Cr  content  in  the  Nb  solid  solution  and 
decreasing  volume  fractions  of  the  Nb  solution  phase  in 
the  microstructure. 

4.  Among  the  materials  investigated,  the  best  oxidation  resis¬ 
tance  was  observed  in  as-cast  M2  whose  microstructure 
contained  Nb-based  silicides  and  Laves  phase,  with  little 
or  no  Nb  solid  solution  phase. 
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Despite  significant  improvements  in  recent  years,  the  oxidation  resistance 
of  niobium-base  in  situ  composites  is  still  inadequate  for  high-temperature 
applications  because  of  their  fast  oxidation  and  the  difficulty  to  form  a 
coherent,  protective-oxide  layer  on  the  Nb  solid  solution .  Recently,  several 
oxidation  models  have  been  proposed  in  the  literature  for  treating  the  oxida¬ 
tion  behavior  of  two-phase  materials,  which  show  features  that  are  applicable 
to  niobium-base  in  situ  composites.  In  this  article,  the  theoretical  oxida¬ 
tion  model  proposed  by  Gesmundo  et  al.  [Oxidation  of  Metals  39,  197-209 
(1993)]  for  treating  independent  isothermal  oxidation  of  two-phase  binary 
alloys  has  been  extended  to  cyclic  oxidation  and  applied  to  analyze  exist¬ 
ing  oxidation  data  of  niobium-base  in  situ  composites.  The  critical  conditions 
required  to  form  a  protective-oxide  layer  on  Nb-base  in  situ  composites  is 
predicted  via  existing  models  proposed  by  Wang  et  al  [ Oxidation  of  Metals 
35,  317-322,  333-348  (1991)].  The  analytical  results  are  then  used  to  iden¬ 
tify  possible  means  for  improving  the  oxidation  properties  of  the  Nb-base  in 
situ  composites.  Key  conditions  required  for  achieving  a  continuous  protective 
oxide  are  predicted  and  compared  against  critical  experiments  performed  on 
Nb-base  in  situ  composites. 


KEY  WORDS:  cyclic  oxidation;  Nb-base  in  situ  composites;  oxidation  modeling;  protective 
oxide  formation. 


INTRODUCTION 

Extensive  work  has  been  undertaken  to  develop  niobium-base  structural 
alloys  for  high-temperature  applications.  The  early  studies,1-9  which  were 
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reviewed  extensively  by  Stringer,10  and  others,11-13  focused  mostly  on  the 
use  of  alloying  addition  to  reduce  the  oxidation  kinetics  of  Nb  alloys  by 
modifying  the  oxidation  products.  These  studies  indicated  that  the  forma¬ 
tion  of  NbiOs,  a  non-protective  oxide,  was  too  dominant  to  be  altered  by 
alloying  additions.  Subsequent  studies14-19  were  concentrated  on  an  alu- 
minide-base  system  and  the  use  of  A1  additions  to  improve  the  oxidation 
resistance  of  Nb-base  alloys  through  the  formation  of  a  protective  alumina 
layer.  While  the  formation  of  protective  alumina  scales  was  shown  to  be 
feasible,  the  resulting  alloys  had  low  melting  points  and  were  too  brittle 
to  be  used  as  structural  materials.16 

Recent  efforts  have  focused  mostly  on  materials  that  are  based  on 
niobium  silicides  and  Laves  phases,20-35  These  new  systems  include  Nb- 
Si,  Nb-Ti-Si,  Nb-Ti-Al-Si,  Nb-Ti-Cr-Si,  and  among  others,  Nb-Ti-Hf- 
Cr-Al-Si,  Often  referred  to  as  refractory-metal  intermetallic  composites 
(IMCs), 26,27  the  salient  characteristics  of  these  Nb-base  in  situ  compos¬ 
ites  are  multiphase  microstructures  comprised  of  silicides,  Laves  phases 
and  Nb  solid  solution.  The  silicides  and  Laves  phases  are  intended  to 
provide  high-temperature  strength  and  oxidation  resistance,  while  the 
“ductile”  Nb  solid  solution  is  intended  to  provide  tensile  ductility  and 
fracture  resistance  at  ambient  temperature.  The  oxidation  resistance  of 
these  Nb-base  in  situ  composites,  which  is  substantially  better  than  that 
of  conventional  Nb  alloys,23’25*26’28*32  is  comparable  to  that  of  Ni-base 
superalloys  at  1000°C,  Unfortunately,  the  oxidation  resistance  of  Nb- 
base  in  situ  composites  are  still  inadequate  as  structural  materials  in  the 
1200-1 400°  C  range,  as  the  oxides  that  form  on  these  materials  are  non- 
protective.22, 25,26,28,32  For  both  static  and  cyclic  oxidation,  the  oxidation 
products  of  Nb-base  in  situ  composites  are  a  mixture  of  oxides  that 
include  NbaOs,  CrNbC>4,  Ti2Nbjo029  and  NbaOj  *  TIO2  plus  small 
amounts  of  cristoballite  SiOa  and  Get>2.34,35  To  Improve  the  oxidation 
resistance  of  the  Nb-base  in  situ  composites,  it  is  necessary  to  promote  the 
formation  of  a  more  protective-oxide  layer. 

The  current  understanding  of  the  formation  of  protective  C^Oa, 
AI2O3,  and  SiC>2  scales  on  iron-,  nickel-,  and  cobalt-base  alloys  has  been 
discussed  in  a  recent  review  article.36  Very  little  information,  however,  is 
available  on  the  conditions  required  for  the  formation  of  protective  oxide 
scales  on  Nb-base  materials,  Wang  et  a/.,37’38  and  Gesmundo  et  a/.39-45 
recently  analyzed  the  conditions  leading  to  the  formation  of  non-protee- 
tive  and  protective  oxide  scales  on  generic  two-phase  binary  alloys.  These 
results  indicated  that  for  two-phase  alloys,  the  critical  value  of  the  aver¬ 
age  concentration  of  the  active  element  required  for  the  exclusive  growth 
of  a  protective-oxide  layer  is  higher  than  that  for  single-phase  alloys.  In 
addition,  the  critical  values  depend  also  on  the  solubility  of  the  active 
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element  in  the  solid  solution,37  as  well  as  the  volume  fraction,  the  size, 
and  the  shape  of  the  second  phase.38  The  exclusive  formation  of  a  pro¬ 
tective-oxide  layer  is  predicted  not  to  occur  when  the  ratio  between  the 
parabolic  rate  constant  of  oxidation  and  the  alloy  interdiffusion  coeffi¬ 
cient  becomes  large  or  the  solubility  of  the  most  reactive  compound  in  the 
most  noble  metal  is  too  small,  regardless  of  the  concentration  of  the  active 
element. 

The  objective  of  this  paper  is  to  extend  the  oxidation  models  of 
Gesmundo  et  a/.,39’40  Wang  et  a/.,37,38  and  Gesmundo  and  Gleeson43  to 
analyze  the  cyclic-oxidation  behavior  of  Nb-base  in  situ  composites.  In 
particular,  the  independent  oxidation  model  of  Gesmundo  et  a/.,39  for  iso¬ 
thermal  temperature,  is  extended  to  treat  independent  cyclic  oxidation  of 
individual  phases  in  Nb-base  in  situ  composites.  The  analyses  by  Wang 
et  n/., 37,38  Gesmundo  et  a/.,40  and  Gesmundo  and  Gleeson43  are  then 
applied  to  identify:  (1)  the  conditions  that  lead  to  the  formation  of  mixed 
oxides,  and  (2)  possible  means  for  instigating  the  development  of  a  protec¬ 
tive-oxide  layer  on  Nb-base  in  situ  composites.  The  accuracy  of  the  model 
predictions  is  assessed  by  comparison  against  critical  cyclic-oxidation 
experiments  performed  on  a  series  of  Nb-base  in  situ  composites.35  This 
paper  is  organized  into  three  main  parts.  In  the  first  part,  current  models 
for  treating  oxidation  of  multiphase  microstructures  are  presented.  In  the 
second  section,  relevant  models  are  applied  to  analyze  oxidation  data  of 
Nb-base  in  situ  composites  and  to  predict  means  for  improving  the  oxi¬ 
dation  resistance  of  the  composites.  In  the  third  section,  cyclic-oxidation 
experiments  performed  on  five  Nb-base  in  situ  compositions  are  reported, 
and  the  results  are  used  to  assess  the  accuracy  of  the  oxidation  models. 

OXIDATION  OF  MULTIPHASE  MATERIALS 

The  oxidation  process  of  multiphase  materials  can  take  place  in  sev¬ 
eral  forms  without  a  common  mechanism  for  their  scaling  behavior.  At 
least  three  different  oxidation  behaviors  have  been  identified  by  experi¬ 
mental  observations,43  which  include:  (1)  independent  oxidation  of  indi¬ 
vidual  phases,  (2)  cooperative  oxidation  of  two  or  more  phases,  and  (3) 
exclusive  oxidation  of  a  single  phase  to  form  a  slow-growing,  protective- 
oxide  layer  that  drastically  reduces  the  oxidation  kinetics  of  the  multiphase 
alloy.43  Each  of  these  three  oxidation  mechanisms  is  analyzed  and  the 
analysis  is  applied  to  treat  the  cyclic-oxidation  behavior  of  Nb-base  in  situ 
composites.  Particular  attention  will  be  focused  on  developing  a  mean  for 
predicting  the  transitions  from  an  independent  oxidation  or  a  cooperative 
oxidation  of  individual  phases  to  the  exclusive  oxidation  of  a  single  phase 
with  formation  of  a  slow-growing,  protective- oxide  layer. 
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The  oxidation  of  two-phase  binary  A-B  alloys  was  previously  ana¬ 
lyzed  by  Gesmundo  et  a/.,39  for  isothermal  conditions.  Several  restrictive 
assumptions  were  adopted  in  this  oxidation  analysiss39  including:  (1)  the 
two-phase  microstructure  is  comprised  of  a  B-rich  phase,  fi,  dispersed  as 
isolated  particles  in  the  ,4-rich  matrix,  ay  (2)  only  one  oxide  each  is  formed 
by  A  and  B  and  no  ternary  oxides  form,  (3)  the  oxide  of  A  is  less  stable 
and  grows  more  rapidly  than  that  of  B}  (4)  the  two  oxides  grow  accord¬ 
ing  to  the  parabolic  rate  law,  and  (5)  the  oxygen  activity  prevailing  at  the 
alloy/scale  interface  corresponds  to  the  equilibrium  value  of  the  formation 
of  the  less  stable  oxide  so  that  both  oxides  can  form  at  the  site.  An  obvi¬ 
ous  and  necessary  consequence  of  these  assumptions  is  that  the  overall 
weight  change,  A  Wt  measured  after  some  time  of  isothermal  oxidation  is 
the  sum  of  the  contributions  from  the  individual  phases.  Using  this  mass- 
balance  relation  as  the  starting  point,  Gesmundo  et  ah ,39  derived  the  gen¬ 
eral  relation  between  the  parabolic  rate  constant  of  a  two-phase  alloy  in 
terms  of  the  volume  fractions  and  the  parabolic  rate  constants  of  the  con¬ 
stituent  elements.  In  addition,  Gesmundo  et  ah ,  elucidated  the  effects  of 
the  size  and  distribution  of  the  second-phase  particles  on  the  overall  oxi¬ 
dation  kinetics,  and  identified  the  critical  conditions  that  would  lead  to  the 
formation  of  a  continuous  layer  of  the  protective  oxide. 

In  this  paper,  we  extend  the  approach  of  Gesmundo  et  aht  to  treat 
the  cyclic-oxidation  behavior  of  multiphase  alloys  containing  multiple  ele¬ 
ments.  Such  an  extension  is  considered  valid  since  the  fundamental  rela¬ 
tion  is  basically  a  mass  balance.  Specifically,  the  overall  weight  change, 
AWt  measured  after  some  time  of  cyclic  oxidation  is  assumed  to  be  the 
sum  of  contribution  from  individual  phases.  Therefore, 

i—n 

AW-^AWi  (1) 

«=l 

where  AWt  is  the  weight  change  and  n  is  the  number  of  individual  phases. 
In  addition,  the  cyclic-oxidation  response  of  each  individual  phase  is 
assumed  to  proceed  according  to  the  parabolic  rate  law  and  to  involve 
spalling  according  to  the  power  law  proposed  by  Chan,46  Substituting  the 
appropriate  expressions  gives 


where  Si  is  the  surface  area,  kpg)  is  the  parabolic  oxidation  rate  constant, 
qi  is  the  spallation  constant,  and  m**  is  the  spallation  exponent  of  the  ith 
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phase.  Moreover,  W,-  is  the  weight  of  the  oxide  formed  by  the  ith  phase; 
W0  is  the  reference  weight  taken  to  be  1  mg/cm2;  and  AT  is  the  tempera¬ 
ture  change  during  cyclic  oxidation.  The  formulation  of  Eq.  (2)  has  been 
described  in  detail  by  Chan  in  an  earlier  publication.46  The  first  term  on 
the  right-hand  side  of  Eq.  (2)  corresponds  to  weight  gain  due  to  oxida¬ 
tion  of  individual  elements  while  the  second  term  is  the  weight  loss  due  to 
spallation  of  individual  oxides.  As  will  be  shown  in  a  later  section  (Model 
Applications),  the  assumption  of  the  parabolic  rate  relation  for  describ¬ 
ing  the  oxidation  kinetics  of  the  constituent  phases  (Nb  solid-solution,  sil- 
icides,  and  Laves  phase)  in  Nb-base  in  situ  composites  is  valid  for  certain, 
though  not  all,  compositions.  It  is  also  noted  that  Eq.  (2)  reduces  to  that 
for  isothermal-oxidation  conditions  when  oxide  spallation  due  to  thermal 
cycling  (second  term  in  Eq.  (2))  is  negligible  (<?;  —  0).  The  overall  weight 
change  per  unit  area  can  be  obtained  by  substituting  Eq.  (2)  into  Eq.  (1), 
leading  to 


AW 

S 


where  S  is  the  overall  area.  Eq.  (3)  may  be  rewritten  as 


(3) 


AW 


—  Y.  fiy/kp(i)t  /tffi  AT 


i=\ 


t=l 


(4) 


since  the  ratio  5,7 S  is  the  area  fraction,  /;,  of  the  ith  phase.  The  general 
expression  for  the  overall  weight  change  is  given  by 


AW  nr-  Arr2fWY 

—  =  VM-«Ar 


(5) 


where  W  is  the  weight  of  oxide,  kp  is  the  parabolic  constant  defined  in 
terms  of  weight  gain,  q  is  the  spallation  constant,  and  m  is  the  spallation 
exponent  of  the  overall  microstructure.  Eq.  (5)  can  be  equated  to  Eq.  (4) 
to  give 


*1/2  _  V'  f.*i/2 

Kp  -  pit) 


and 


»  =  (£) 


mi  —m 


(6) 


(7) 
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with 

i=n 

(8) 

i=i 

where  di  is  the  density  of  the  individual  oxides.  Equations  (6)  and  (7)  indi¬ 
cate  that  for  independent  oxidation,  the  parabolic  rate  constant  and  the 
spallation  constant  of  a  multiphase  microstructure  can  be  computed  on 
the  basis  of  the  area  fraction  ($),  weight  fraction  the  parabolic  rate 
constant  (kpqy),  and  the  spallation  constant  (qi)  of  individual  phases.  For 
isothermal  oxidation,  the  spallation  term  in  Eq.  (5)  vanishes  (qi  =  0)  and 
Eq,  (6)  recovers  the  expression  reported  by  Gesmundo  et  all 43  for  indepen¬ 
dent  isothermal  oxidation  of  a  two-phase  microstructure. 


Exclusive  Formation  of  a  Protective-Oxide  Layer 

Wagner's  classical  analysis47  identified  critical  conditions  for  the 
exclusive  formation  of  a  slow-growing,  protective-oxide  scale  on  the  sur¬ 
face  of  a  solid-solution  alloy  containing  A  and  B  by  selective  oxidation  of 
the  more  reactive  element,  B.  According  to  Wagner's  analysis,47  the  min¬ 
imum  concentration,  of  the  more  reactive  component  B  required 

for  its  exclusive  oxidation  on  the  surface  of  a  binary  alloy  containing  ele¬ 
ments  A  and  B  is  given  by40 


N B(W )  — 


m 


with 


(10) 


where  kr  is  the  parabolic  rate  constant  defined  in  terms  of  thickness  of 
metal  recession  (Xr  —  (krt)1^2,  where  Xr  is  thickness  of  metal  recession) 
and  D  is  the  interdiffusion  coefficient  in  the  alloy.  The  analysis  by 
Wagner47  which  is  based  on  a  fixed  alloy/scale  interface  with  a  zero  sol¬ 
ute  concentration,  has  been  extended  by  Wang  et  a/.,37  and  by  Gesmundo 
et  a/,,40  to  allow  for  movement  of  the  alloy/scale  interface  with  a  non¬ 
zero  solute  concentration.  The  extended  analysis  by  Wang  et  a/,,37  gives 
the  critical  concentration  as 


*S>  W*+[l-  N%]F{u)  (11) 


with 


F{u)  =  *Jnu  exp(&2)erfc(w) 


(12) 
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where  NeB  is  the  minimum  solute  composition  for  preferential  oxidation  of 
B  required  by  thermodynamics  and  erfc(w)  represents  the  complementary 
error  function  of  u.  The  right-hand  side  of  the  criterion  given  by  Eq.  (11) 
represents  the  combination  of  the  thermodynamic  and  kinetics  require¬ 
ments  for  the  exclusive  oxidation  of  B  in  the  alloy.  In  many  analyses,40,47 
NeB  is  taken  to  be  negligible,  and  selection  oxidation  of  B  is  then  dictated 
solely  by  the  kinetics  requirement  as  represented  by  the  auxiliary  function 
F(w).  As  shown  earlier  by  Wang  et  al. ,37  NB  <  NB and  Eq.  (11)  gives 
a  more  realistic  value  for  the  critical  concentration  than  Eq.  (9). 

For  two-phase  alloys,  the  critical  concentration  of  solute  necessary  for 
its  exclusive  oxidation  was  analyzed  by  Wahl.48  This  analysis  was  approx¬ 
imate  because  of  two  assumptions:  (1)  there  was  a  steady- state  flux  of  sol¬ 
ute  atoms  to  the  alloy/solute-metal-oxide  interface,  and  (2)  the  solubility 
of  B  in  the  matrix  was  nil.  Recently,  Gesmundo  and  Gleeson43  extended 
Wahl’s  treatment  to  account  for  the  presence  of  the  solute  in  the  matrix. 
According  to  this  analysis,  the  exclusive  oxidation  of  the  solute,  B ,  for  a 
two-phase  (a  +  p)  alloy  occurs  at  the  condition  given  by43 

\NB(U)  [NB(a)  +  2fp  (Nbq 3)  -  JVb(«))]}1/2  >  N*B{W)  =  */nu  (13) 


where  Nb{ci)  and  Nb(£)  are  the  mole  fractions  of  B  in  the  a  phase  (Nb 
solid  solution)  and  the  p  (intermetallic  particles)  phase,  respectively,  while 
/y3  is  the  volume  fraction  of  the  p  phase.  From  Eq.  (13),  the  critical  vol¬ 
ume  fraction,  fp, of  the  p  phase  (intermetallic  particles)  for  the  exclusive 
oxidation  of  B  is 


nu2  —  N 


B(a) 


^  2NB(a)(NB(p)  -  Nb(oc)) 
and  the  corresponding  critical  concentration  is 


(14) 

<rr 


SB  ^ 


7T  U 

NB{cc) 


+  NB(a) 


(15) 


Both  Eqs.  (14)  and  (15)  are  approximate  because  steady-state  condition 
and  a  planar  interface  between  phase  fields  are  assumed  in  the  flux  bal¬ 
ance. 

In  addition  to  volume  fraction,  the  size  and  distribution  of  the  p 
phase  are  also  important  variables  affecting  the  oxidation  kinetics.  Accord¬ 
ing  to  an  analysis  by  Wang  et  a/.,38  the  ratio  of  precipitate  volume  frac¬ 
tion,  /)?,  to  precipitate  radius,  r,  must  exceed  a  critical  value  in  order  to 
ensure  exclusive  formation  of  the  solute-metal  oxide  on  the  surface  of  a 
two-phase  alloy.  The  critical  fp/2r  ratio  is  related  to  the  interdiffusion 
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coefficient,  D,  according  to  the  expression  given  by38 

NB(a)  \ 


&>-i 

2  r  3  ■s/Wt 


<t> 


hi* 


(16) 


where  t  is  the  time  of  oxidation  and  the  function  can  be  approximated 


(17) 


where  A  is  a  constant  and  N^W)  is  given  by  Eq.  (9).  The  value  of 
A(=  0.0479)  was  obtained  by  fitting  Eq,  (17)  to  the  numerical  results 
reported  by  Wang  et  a/,38  Substituting  Eq,  (17)  into  Eq.  (16)  leads  to 


fp  >  0.0479  /  VtFm  \3/2 
2 r  ~  IsfWt  \NB(ot)/ 


(18) 


as  the  criterion  for  the  onset  of  the  formation  of  a  continuous,  slow-grow¬ 
ing  oxide  scale  on  the  surface  of  a  binary  alloy  with  a  two-phase  micro¬ 
structure. 


MODEL  APPLICATIONS  TO  Nb-BASE  IN  SITU  COMPOSITES 

The  various  oxidation  models  are  compared  against  the  oxidation 
data  of  Nb-base  in  situ  composites  in  this  section.  The  comparison 
requires  an  evaluation  of  the  parabolic  rate  constants  for  oxidation  of  the 
constituent  phases  of  the  in  situ  composites.  To  obtain  the  parabolic  con¬ 
stants,  experimental  data  of  weight  gain  from  the  literature  were  plotted 
against  t1^2,  where  t  is  time  of  oxidation.  Figure  la  illustrates  the  par¬ 
abolic  oxidation  behaviors  observed  in  Nb-25Ti49  and  Nb-38Ti-12Hf- 
12A124  during  isothermal  oxidation  at  800-1 200°C.  Parabolic  oxidation 
behavior  has  also  been  reported  for  isothermal  oxidation  of  pure  Nb,  as 
well  as  for  four  of  nine  multicomponent  Nb-base  alloys  at  800-1200°C.34 
These  Nb-base  alloys  contained  Ti,  Hf,  Cr,  Si,  and  Ge  contents  that  are 
similar  to  those  investigated  in  this  study.  When  the  oxidation  behavior 
deviated  from  the  parabolic  rate  law,  the  time  exponent  was  in  the  range 
of  0.1-0.634  for  the  multicomponent  Nb-alloys.  On  the  other  hand,  some 
Nb-base  alloys  containing  high-Al  contents  were  reported  to  exhibit  linear 
oxidation  kinetics,16*34  Thus,  the  time  exponent  for  isothermal  oxidation 
of  Nb-base  alloys  can  range  from  0.1  to  1,  depending  on  alloy  composi¬ 
tion,  For  simplicity,  parabolic  oxidation  behavior  was  assumed  for  all  Nb- 
base  alloys  considered  in  this  study.  The  parabolic  rate  constant  in  terms 
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of  weight  gain,  kp,  was  obtained  by  least-square,  linear-regression  analy¬ 
sis  of  the  weight-gain  data.  The  corresponding  parabolic  rate  constant  in 
terms  of  metal  recession,  kr ,  was  then  computed  based  on  kp ,  the  compo¬ 
sition  of  the  oxides,  and  the  molar  volume  of  the  alloy.  A  summary  of  the 
kp  and  kr  rate  constants  for  Nb-25Ti49  and  Nb-38Ti-12Hf-12Al22  and 
Nb&214  is  presented  in  Table  I. 

The  parabolic  rate  constants  were  plotted  against  reciprocal  tempera¬ 
ture,  Figs,  lb  and  c,  to  obtain  the  activation  energy,  according  to  the  gen¬ 
eral  expressions. 


and 

kr  =  fcroexp  (-■ (20) 

where  kpo  and  kro  are  appropriate  pre-exponential  coefficients  for  weight 
gain  and  material  recession,  respectively.  The  values  of  the  activation 
energy,  Qox ,  and  of  kpo  and  kro  are  presented  in  Table  II,  Parabolic  rate 
constants  for  NbCr2,  Cr2C>3,  AI2O3,  and  Si(>2  are  from  the  literature.50-52 
The  parabolic  rate  constants  shown  in  Table  II  were  used  to  perform 
model  calculations  for  comparison  against  experimental  data,  as  well  as 
for  parametric  evaluation  of  the  oxidation  models. 

Material  recession  was  computed  as  a  function  of  temperature  for 
Nb-25Ti,  Nb-Ti-Hf-Al,  and  NbCr2-  The  resulting  oxide  scale  was 
assumed  to  be  a  mixture  of  TiC>2,  Nb20s,  CrNbC>4,  and  Cr203,  based  on 
the  experimental  data  used  to  establish  the  kr  constants.1,14,49  The  results 
are  compared  against  those  for  the  formation  of  a  continuous  layer  of 


Table  I.  Parabolic  Oxidation  Rate  Constants  kp  and  kr  for  Nb  Alloys 
and  NbCr2 


Material 

0 

O 

kp,m,  mg2/cm4/hr 

kr,  fim2lhr 

Nb-25Ti49 

1200 

526.7 

8064.8 

1000 

55.2 

845.0 

NbCrj4 

1200 

10.68 

151.9 

1038 

2.9 

41.4 

927 

1.7 

24.9 

500 

2.2  x  10“3 

3.2  x  10“2 

Nb-38Ti-12Hf-12Al22 

1200 

248.7 

989.0 

1000 

11.2 

44.4 

800 

3.3 

13.0 

-C 
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Table  II.  Pre-exponent  Coefficients  (kpo  and  kro)  and  Activation 
Energy  ( Qox )  of  the  Parabolic  Oxidation  Rate  Constants  for  Nb- 
base  Alloys,  NbCr2,  AI2O3  Former,  Si02  Former,  and  Cr203 
Former.  The  Activation  Energy,  Qox ,  is  Normalized  by  the  Uni¬ 
versal  Gas  Constant,  R 


Material 

kpo,  mg2/cm4/hr 

kro .  Atm2/hr 

QoxlK 

°K 

Nb-25Ti 

9.065  x 

108 

1.388  x 

1010 

2.115  X 

104 

Nb-Ti-Hf-Al 

4.686  x 

107 

1.864  x 

10* 

1.658  x 

104 

NbCr2 

1.2871  x 

105 

1.849  x 

106 

1.379  x 

104 

AI2O3 

5.946  x 

10'° 

1.694  x 

1012 

4.342  x 

104 

Si02 

15.0 

1.093  x 

103 

1.316  x 

104 

Cr2C>3 

3.2125  x 

107 

1.1914  x 

109 

2.777  x 

104 

Fig.  2.  Model  calculations  of  material  loss  in  100  hr  at  various  temperatures  for  Nb- 
25Ti,  Nb-38Ti-12Hf-12Al,  NbCr2,  and  those  that  form  a  continuous  layer  of  0^03, 
AI2O3,  or  Si02. 


Cr2C>3,19’50’51  AI2O352,  and  Si0252  in  Fig.  2,  together  with  the  oxidation 
goal,  which  is  less  than  25  fim  after  100  hr  of  exposure  for  the  Nb- 
base  in  situ  composites  in  a  high-temperature  structural  application.  The 
comparison  indicates  that  the  oxidation  resistance  of  Nbss/NbCr2  in  situ 
composites  would  not  be  sufficient  to  meet  the  oxidation  goal  without  the 
formation  of  a  continuous  CX2O3  layer.  Similarly,  Nb-Ti-Hf-Cr-Al/sili- 
cides  in  situ  composites  require  a  continuous  layer  of  SiC>2  or  AI2O3. 
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The  recession  in  Nbss/silicide  in  situ  composites  was  calculated  using 
the  kr  values  for  Nb-Ti-Hf-Al-Cr  as  the  matrix22  and  SiCb52  for  the  sil- 
icides,  assuming  that  Si02  forms  by  oxidation  of  the  silicide  phase.  The 
computation  was  performed  for  100  hr  of  oxidation  at  1200°C,  for  which 
experimental  data  are  reported  in  the  literature22’24*32  Figure  3  shows 
a  comparison  of  the  calculated  material  recession  after  100  hr  against 
experimental  data.  The  calculations  for  the  in  situ  composite  are  generally 
poor,  but  are  in  agreement  with  some  of  the  experimental  data  of  silicide 
IMCs  and  Laves  IMCs.  The  recession  data  observed  in  Nb-Ti-Si  and 
Nb-Ti-Al-Si  exceeded  the  model  calculation.  Review  of  the  experimental 
data22,23,25-32  indicated  that  these  materials  did  not  oxidize  according  to 
a  parabolic  rate  law,  but  according  to  a  linear  rate  law.  IMCs  contain¬ 
ing  silicide,  Laves,  or  a  combination  of  silicide  and  Laves  phases  appear 
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Fig,  3.  Comparison  of  calculated  and  measured  material  recession  after  100  hr  of  oxida¬ 
tion  for  Nb-base  in  situ  composites  at  12G0°C,  Materials  that  exhibit  higher  material  reces¬ 
sion  than  the  model  calculations  did  not  obey  parabolic  oxidation  kinetics.  Experimental 
data  are  from  the  literature.22*23'25-32 
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to  exhibit  parabolic  scale  growths  whose  kinetics  are  largely  described  by 
the  rule-of-mixtures,  suggesting  that  oxidation  of  individual  phase  occurs 
primarily  independently.  Figure  3  also  indicates  that  a  continuous  layer  of 
Cr203,  AI2O3,  or  Si02  is  required  in  order  to  meet  the  oxidation  goal. 
Only  one  composite  met  the  oxidation  goal  of  25  £tm  recession27"29  after 
100  hr  of  exposure  and  another  one  was  close  to  meeting  the  goal.  The 
source  of  oxidation  resistance  in  these  two  materials  has  yet  to  be  estab¬ 
lished. 

The  critical  conditions  for  the  transition  from  independent  oxidation 
to  exclusive  formation  of  SiC>2  and  (>203  were  calculated  using  the  for¬ 
mulation  of  Gesmundo  and  Gleeson.43  The  volume  percents  of  silicide 
and  Laves;  phase  .required  were  calculated  via  Eq.  (14).  Figure  4  shows  a 
plot  of  critical  values  of  volume  percents  silicide  or  Laves  phase  required 
for  the  onset  of  exclusive  oxidation  vs.  the  normalized  parameter  u.  The 
model  calculation  indicates  that  the  value  of  u  must  be  less  than  0.03  to 
0.15  in  order  for  the  exclusive  formation  of  SiC>2  and  0*203  to  occur, 
respectively.  Experimental  data  for  the  niobium-base  in  situ  composites  all 
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Fig.  4.  Experimental  data  of  Nb-base  in  situ  composites  compared  against  model  predic¬ 
tions  of  the  critical  volume  percent  of  Laves  phase  of  silicides  required  to  form  a  continu¬ 
ous  protective  0203  or  SiC>2  layer  for  various  values  of  the  normalized  parameter  u.  The 
u  values  for  Nb-base  in  situ  are  several  orders  of  magnitude  larger  than  the  critical  values 
predicted  by  the  model. 
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Fig,  5,  Model  calculations  of  the  critical  volume  fraction  of 
particles  as  a  function  of  particle  size  (diameter)  for  forming  a 
protective-oxide  layer  of  S1O2,  C^Os,  and  AI2O3  for  silicide, 
Cr  Laves  phase,  and  aluminide  particles,  respectively,  after  2 
hr  exposure  at  12G0°C, 


exceed  this  range  of  u  values  by  several  orders  of  magnitude.  For  all  exper¬ 
imental  data  points  shown  in  Fig.  4,  the  parameter  u  was  computed  based 
on  experimental  values  of  parabolic  rate  constant,  kr%  and  interdiflfusion 
coefficient,  D,10’53-55  reported  in  the  literature.  The  interdiffusion  coeffi¬ 
cients  used  corresponded  to  those  for  diffusion  of  Si54  and  Cr10  in  Nb. 
The  implication  of  the  results  in  Fig.  4  is  that  exclusive  formation  of  a 
continuous  layer  of  SiOa  or  CtiOs  on  Nb-base  in  situ  composites  is  diffi¬ 
cult,  if  not  impossible,  unless  the  value  of  the  u  parameter  can  be  signifi¬ 
cantly  reduced  below  the  current  values. 

The  possibility  of  controlling  the  particle  size  as  a  means  for  improv¬ 
ing  the  oxidation  resistance  of  Nb-base  in  situ  composites  was  examined 
using  the  criterion,  Eq.  (18),  proposed  by  Wang  et  al?%  Figure  5  shows  the 
critical  volume  fraction  of  particles  as  a  function  of  particle  size  (diameter) 
required  for  onset  of  the  formation  of  a  continuous  oxide  layer  of  Sit>2s 
CrjOa,  and  AI2O3  for  silicides,  Laves,  and  aluminide  particles,  respectively. 
The  computations  were  performed  for  2  hr  exposure  at  1200°C.  The  size 
requirements  are  most  severe  for  silicides,  followed  by  Laves  particles  and 
aluminide  particles.  This  ranking  is  the  consequence  of  a  low  Si  solubility 
(^0,015)  in  Nb27  and  a  high  A1  diffusivity  in  Nb.53 

The  stringent  conditions  required  for  the  exclusive  formation  of  a 
Si02  or  Cr2C>3  layer  suggests  that  mixed  oxides  are  likely  to  form  on  Nb- 
base  in  situ  composites.  Figure  6  shows  a  comparison  of  calculated  results 
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Fig.  6.  Material  recession  goal  normalized  by  calculated  material  recession  for  various 
combinations  of  mixed  oxides  compared  against  that  for  a  continuous  Si02  layer  for  100 
hr  isothermal  oxidation  at  1200°C. 


of  metal  recession,  Xr ,  after  100  hr  isothermal  oxidation  at  1200°C  asso¬ 
ciated  with  three  cases:  (1)  mixed  Nb2C>5  and  SiC>2,  (2)  mixed  0*203  and 
SiC>2,  and  (3)  continuous  SiC>2.  These  computations  were  performed  using 
Eqs.  (5)-Eq.  (7)  and  assuming  no  spallation  (qt  ~  0).  In  addition,  Nb20s 
or  0*203  was  assumed  to  form  on  the  Nb  solid-solution  phase  while  Si02 
was  assumed  to  form  on  the  silicide  phase.  In  Fig.  6,  the  results  are  shown 
as  X*r/Xr9  where  X*R  =  25  /xm  after  100  hr  of  oxidation  is  the  maximum 
metal  recession  targeted  for  the  Nb-base  in  situ  composites.  Figure  6  indi¬ 
cates  that  the  oxidation-resistance  goal  may  be  attained  with  a  mixture  of 
O2O3  and  Si02,  while  the  formation  of  must  be  suppressed.  To 

achieve  a  continuous  Si02,  the  volume  percent  of  silicides  in  the  in  situ 
composites  must  exceed  34%. 


MODEL  VERIFICATION 

The  model  calculations  were  evaluated  against  cyclic-oxidation  data 
for  several  Nb-base  in  situ  composites,  which  were  fabricated  as  cast  but¬ 
tons  by  arc  melting.  Four  of  the  alloys  (Nb*,  AX,  Ml,  and  M2)  were 
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Table  IIL  Chemical  Composition  of  Nb-base  In  Situ  Composites 
in  Weight  Percent 


Chan 


Nb, 

AX 

UES-AX 

Ml 

M2 

Ti 

15.46 

15.24 

15.45 

14.29 

15.94 

Cr 

1.5? 

9.25 

8.15 

8.63 

11.94 

Hf 

9.11 

9.91 

11.82 

10.61 

10.67 

Ge 

2.61 

5.28 

4.76 

4.99 

5.10 

Si 

.34 

5.89 

5.98 

3.65 

7.19 

Nb 

Balance 

Balance 

Balance 

Balance 

Balance 

fabricated  at  Pittsburgh  Materials  Technology  (Pittsburgh,  PA),  and  one 
alloy  (UES-AX)  was  cast  at  the  Air  Force  Research  Laboratory,  (Dayton, 
OH).  The  compositions  of  these  in  situ  composites,  shown  in  Table  III, 
were  determined  by  Chicago  Spectro  Service  Laboratory  (Chicago,  IL) 
using  an  ASTM  standard  procedure.56  The  microstructures  of  Nbss, 
AX,  Ml,  and  M2  in  the  as-cast  condition  are  presented  in  Fig.  7, 
together,  with  the  microstructure  of  UES-AX  in  the  heat-treated  condition 
(1350°C  for  100  hr,  HIP’ed  at  207  MPa/1350°C/6  hr,  followed  by  furnace- 
cool).  Individual  phases  in  the  microstructure  were  identified  by  energy- 
dispersive  spectroscopy,  while  their  volume  fractions  were  measured  by 
performing  quantitative-metallographic  analyses  on  scanning-electron 
micrographs  of  the  microstructure  taken  in  the  back-scattered  mode.  The 
microstructure,  the  size,  and  the  volume  fraction  of  the  phases  present 
in  these  alloys  are  summarized  in  Table  IV.  As  indicated  in  Table  IV, 
Nbss  contained  91  vol.%  Nb  solid  solution  with  about  9  vol.%  of 
Ge-rich  particles  along  the  grain  boundaries.  Alloys  Ml,  AX,  and 
UES-AX  contained  Nb  solid  solution,  C14  Laves  phase,  and  silicides 
(mostly  (Nb,  Ti^Sia).  In  comparison,  M2  contained  Laves  phase  and  sili¬ 
cides,  but  no  Nb  solid  solution.  Detailed  descriptions  of  the  compositions 
of  individual  phases  in  these  Nb-base  in  situ  composites  are  presented  in 
Table  V.35*57 

Cyclic-oxidation  tests  were  performed  by  heating  coupon  specimens 
to  1100°C,  which  were  then  held  at  temperature  for  22  hr  and  subse¬ 
quently  furnace-cooled  to  ambient  temperature  in  2  hr.  The  specimens 
were  weighed  before  and  after  each  thermal  cycle.  This  process  was 
repeated  for  a  total  oxidation  time  of  ~500  hr.  Weight-change  data  were 
obtained  as  a  function  of  time  of  oxidation.  The  oxide  spalls  were  col¬ 
lected  in  a  ceramic  dish  for  individual  alloys.  After-cyclic  oxidation  tests, 
the  oxides  formed  were  determined  by  X-ray  diffraction.  Metal  recessions 
were  measured  on  sectioned  specimens  using  metallographic  techniques. 
Details  of  the  experimental  procedure  are  presented  in  a  recent  publica¬ 
tion.35 
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The  oxides  spalled  from  the  surfaces  of  individual  alloys  were  identi¬ 
fied  by  X-ray  diffraction,  comparing  the  observed  diffraction  peaks  against 
the  JCPDF  standards.58  These  oxides  are  reported  in  Table  IV  together 
with  the  JCPDF  card  number.  For  Nb*,  the  oxide  spalls  were  primarily 
Nb205-Ti02  with  small  amounts  of  CrNb04  and  HfGeC>4.  In  AX,  UES- 
AX,  and  Ml,  the  oxide  spalls  contained  various  amounts  of  CrNbC>4  and 
M^Os  •  Ti02,  with  evidence  of  small  amounts  of  possibly  Ge02  or  cris- 
toballite  SiC>2.  In  M2,  the  oxide  spalls  were  primarily  CrNbC>4,  but  the 
presence  of  Nb2C>5  and  Ge02  could  not  be  ruled  out.  The  GeC>2  peak 
could  possibly  be  that  of  cristoballite  SiC>2.  The  observed  oxidation  prod¬ 
ucts  are  consistent  with  those  reported  for  Nb  alloys  and  NbG*2  in  the  lit¬ 
erature. 1,3,1 0,1 4  The  dominant  peak  of  CrNbC>4  occurs  at  20  =  27.3°,  while 
those  for  Nb20s,  FH^Os-TK^,  3Nb20s-Ti02,  and  TiNb207  all  occur 
at  20  =  23.9°.  Since  Nb205,  Nb205-Ti02,  3Nb205-Ti02,  and  TiNb207 
could  not  be  distinguished  based  on  the  XRD  data,  they  will  be  referred 
to  collectively  as  Nb2C>5  •  TiC>2  in  the  remainder  of  this  paper.  The  inten¬ 
sity,  /crNb04>  at  20  =  27.3°  of  the  CrNbC>4  peak  was  normalized  by  the 
intensity,  I^Os-TiC^  20  =  23.9°  of  the  Nk^Os-TiC^  peak  and  the 
result  was  plotted  as  a  function  of  volume  percents  of  Nb  solid-solution 
phase  in  Fig.  8.  Figure  8  also  shows  the  result  of  material  recession  after 
500  hr  of  cyclic  oxidation  at  a  peak  temperature  of  1100°C.  Three  general 
trends  can  be  deduced  from  Fig.  8:  (1)  high  material  recession  is  associ¬ 
ated  with  the  formation  and  spallation  of  Nb20s  TiC>2,  (2)  low  material 
recession  is  associated  with  the  formation  and  spallation  of  CrNbC>4,  and 
(3)  the  formation  and  spallation  of  Nb20s  •  TiC>2  is  favored  in  alloys  con¬ 
taining  high  volume  percents  of  Nb  solid-solution  phase,  while  CrNb04 
formation  and  spallation  is  favored  in  alloys  with  high  volume  percents  of 
silicide  and  Laves  phase. 

The  weight-change  data  of  the  Nb-base  in  situ  composites  are  pre¬ 
sented  in  Fig.  9.  The  alloys  exhibited  a  wide  range  of  cyclic- oxidation 
behaviors,  which  were  deduced  based  on  the  weight  damage  of  the  test 
specimens  and  the  weight  of  the  spalled  oxides  collected  as  a  function 
of  thermal  cycles.  Nb*  spalled  readily  and  showed  material  loss  after 
120  hr.  of  oxidation.  In  contrast,  M2  showed  very  little  spallation  or 
material  loss  after  500  hr.  Both  the  weight  change  of  the  test  spec¬ 
imens  and  the  weight  of  spalled  oxides  were  very  small  for  thermal 
exposure  up  to  500  hr.  Alloys  Ml,  AX,  and  UES-AX  exhibited  cyclic- 
oxidation  data  that  lay  between  those  of  Nb*  and  M2.  The  weight- 
change  curves  of  AX  and  UES-AX  were  essentially  identical;  these  two 
materials  had  similar  compositions  but  exhibited  different  microstruc¬ 
tures  because  UES-AX  was  heat-treated,  while  AX  was  in  the  as-cast 
condition. 
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Fig.  7.  Microstructures  of  Nb-base  in  situ  composites:  (a)  as-cast  Nb*,  (b)  as-cast  AX,  (c) 
as-cast  Ml,  (d)  as-cast  M2,  (e)  heat-treated  UES-AX. 

The  experimental  weight-change  results  are  compared  against  theo¬ 
retical  calculations  using  Eq.  (4)  for  independent  oxidation.  In  applying 
the  model  for  independent  oxidation,  the  in  situ  composites  were  treated 
as  two-phase  materials  containing  an  Nb  solid-solution  phase  and  inter- 
metallics  of  both  silicide  and  Laves  phases,  Nb*  weight-change  data  were 
used  to  obtain  the  parabolic  rate  and  the  spallation  constants  for  the 
formation  of  NbaOs  *  Ti(>2  on  the  Nb  solid-solution  phase.  Similarly,  the 
weight-change  data  for  M2  were  used  to  determine  the  parabolic  rate 
and  spallation  constants  for  the  formation  of  CrNbCh*  on  the  silicide  and 
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Fig.  8.  Intensity  of  the  CrNb04  peak  normalized  by  the  intensity  of  the  Nb20s  *  TK>2  and 
material  recession  as  a  function  of  volume  percent  of  Nb  solid-solution  phase. 


Laves  phases.  A  computer  code  described  in  previous  publications46,59  was 
utilized  to  obtain  the  material  constants  and  to  perform  the  cyclic  oxida¬ 
tion  computation.  For  determining  the  model  constants  for  M2,  the  initial 
portion  (i t  <  300  hr)  of  the  weight-change  curve  was  used  to  obtain  the 
value  of  kp  by  setting  q  =  0  so  that  the  computed  weight  gain  response 
was  parabolic.  The  values  of  q  and  m  were  then  chosen  by  fitting  the 
computed  weight-change  curve  to  the  experimental  data.  For  Nb*,  the 
value  of  kp  for  Nb-38Ti-12Hf-12Al  was  used  since  the  experimental  data 
showed  only  weight  loss.  Using  the  assumed  kp  value,  the  values  of  q  and 
m  for  Nb*  were  determined  by  fitting  the  computed  weight-change  curve 
to  the  experimental  data.  A  summary  of  the  model  constants  is  presented 
in  Table  VI.  Using  this  set  of  model  constants,  the  weight  changes  for 
the  five  alloys  were  then  computed  using  Eq.  (4)  and  experimentally  deter¬ 
mined  values  of  the  volume  fraction  of  Nb  solid-solution  phase.  The  cal¬ 
culated  curves  are  in  perfect  agreement  with  experimental  data  for  Nb* 
and  M2,  as  shown  in  Fig.  9,  because  the  model  was  fitted  to  these  exper¬ 
imental  data.  The  calculated  curves  for  AX,  UES-AX,  and  Ml  are  model 
predictions.  As  indicated  in  Fig.  9,  the  model  over-predicted  the  weight 
changes  for  Ml,  AX,  and  UES-AX,  when  the  actual  values  of  the 
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Fig,  9,  Experimental  weight-change  data  compared  against  calculated  weight-change  curves 
for  Nb-base  in  situ  composites.  Model  calculations  were  performed  via  Eq.  (4)  and  the 
assumption  of  independent  oxidation  of  individual  phases.  The  area  fractions  of  surfaces 
covered  by  NbaOs  *TiOa  and  CrNb(>4  were  taken  to  correspond  to  the  volume  fractions  of 
Nb  solid  solution  (fa)  and  intermetallic  (silicide  +  Laves)  phases,  respectively. 

volume  fraction  of  Nb  solid-solution  phase  in  the  alloys  was  used.  The 
discrepancy  suggested  that  the  area  fractions  covered  by  Nb2C>5  *  T1O2  in 
these  alloys  were  smaller  than  those  of  Nb  solid-solution  phase  in  the 
microstructure.  Conversely,  the  area  fractions  covered  by  CrNbC>4  could 
be  larger  than  those  of  silicide  and  Laves  phase.  A  possible  implication  is 
that  oxidation  of  the  constituent  phases  in  the  microstructure  might  not  be 
totally  independent.  More  importantly,  this  result  also  suggests  that  there 
might  be  a  tendency  for  CrNb04  to  displace  Nb2<>5  or  NbaOs  *TiC>2, 
which  might  ultimately  result  in  a  continuous  layer  of  CrNbt>4.  The  area 
fractions  that  were  covered  by  Nb20s  *  TiC>2  were  deduced  by  fitting  the 
model  to  the  weight-change  data.  As  shown  in  Fig,  10,  the  area  frac¬ 
tions  covered  by  CrNb04  were  0.06,  0,06,  and  0,2  for  AX,  UES-AX,  and 
Ml,  respectively.  In  comparison,  the  volume  fractions  of  Nb  solid-solution 
phase  in  these  alloys  were  0.2,  0,54  and  0.64  for  AX,  UES-AX,  and  Ml, 
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Table  VI.  A  Summary  of  Material  Constants  for 
the  Cyclic-Oxidation  Model  of  Nb-base  In  Situ 
Composites  at  1100°C 


Model  constant 

Nb* 

M2 

kp  (mg2/cm4/hr) 

1.82 

0.25 

<? 

4.0  x  10~8 

1  x  10”9 

m 

1.40 

1.05 

Fig.  10.  Comparison  of  measured  and  computed  weight-change  curves  for  Nb-base  in  situ 
composites.  The  model  was  fitted  to  the  experimental  weight  change  data  to  deduce  the  area 
fractions  (/a)  of  Nb  solid-solution  phases  covered  by  Nb20s-Ti02  for  Ml,  UES-AX  and 
AX.  The  deduced  values  fa  for  these  alloys  are  significantly  lower  than  the  volume  fraction 
of  the  Nb  solid-solution  phase,  which  suggests  that  there  is  a  tendency  to  form  CrNbC>4  at 
the  expense  of  Nb20s  ■  TiC>2. 


respectively.  Thus,  the  oxide  layer  on  AX  and  UES-AX  could  be  close 
to  being  continuous  and  could  possibly  be  comprised  mostly  of  CrNb04. 
Nonetheless,  the  small  amounts  of  Nb20s  •  TiC>2  that  formed  on  AX  and 
UES-AX  exerted  significant  influence  on  the  spallation  behavior. 
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The  critical  condition  for  the  exclusive  formation  of  CrNb04  was 
computed  using  Eq,  (20)  and  published  data  of  the  interdiffusion  coeffi¬ 
cient  of  Cr  in  Nb10  at  1100°C  since  the  corresponding  value  for  ternary 
or  multicomponent  alloys  could  not  be  found  in  the  literature.  In  partic¬ 
ular,  D  was  set  equal  to  8.3  x  10_6jum2/hr  at  1100°C.  This  value  of  D 
was  also  used  for  M2  since  no  diffusion  data  could  be  found  for  either 
the  silicide  or  the  Laves  phase.  The  calculated  curves  for  oxidation  times 
of  10,  100,  and  500  hr  are  shown  in  Fig.  11,  together  with  the  experi¬ 
mental  data  for  the  four  Nb-base  in  situ  composites.  At  a  given  volume 
fraction,  the  calculated  critical  particle  sizes  required  for  the  exclusive  for- . 
mation  of  CrNbC>4  are  significantly  smaller  than  those  observed  experi¬ 
mentally  in  M2.  The  model  failed  to  predict  the  exclusive  formation  of 
CrNb(>4  in  M2.  An  analysis  of  the  model  calculation  indicated  that  the 
interdiffusion  coefficient  ( D  =  8.3  x  10"6^m2/hr)  might  not  be  appro¬ 
priate  since  it  was  for  diffusion  of  Cr  in  Nb,  but  no  Nb  solid  solution 
existed  in  M2.  By  fitting  the  model  to  the  data  for  M2,  the  D  value  for 
Cr  diffusion  in  silicide  and  Laves  phase  was  2.2  x  10~5/im2/hr.  Using  this 


Fig.  11.  Computed  critical  volume  fractions  and  particle  sizes  of  Intermetallics  (silicide  and 
Laves  phases)  required  for  the  exclusive  formation  of  a  continuous  CrNbCH  scale  at  1 100°C 
compared  against  experimental  data,  using  D  -  8.3  x  0~6fxm2  /hr  for  Cr  in  Nb.  The  model 
failed  to  predict  the  formation  of  a  continuous  CrNb(>4  on  M2  using  this  value  for  the  inter- 
diffusion  coefficient. 
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Fig.  12.  Comparison  of  computed  and  measured  volume  fractions  and  particle  sizes  for  the 
formation  of  a  continuous  CrNb04  scale  at  1100°C  The  D  value  required  to  fit  the  exper¬ 
imental  data  is  2.2  x  10-5/xm2/hr,  compared  to  D  =  8.3  x  10-Vm2/hr  for  Cr  in  Nb.  With 
D  =  2.2  x  10_5/xm2/hr,  the  model  predicts  the  occurrences  of  a  continuous  CrNb04  on 
M2,  a  nearly  continuous  Cr2Nb04  on  AX  and  UES-AX,  and  a  mixture  of  Nb2C>5  •  Ti02 
and  CrNb04  oxides  on  Ml. 


D  value,  the  predicted  critical  particle  sizes  are  in  better  agreement  with 
the  experimental  data.  As  shown  in  Fig.  12,  the  model  predicted  the  exclu¬ 
sive  formation  of  CrNb04  in  M2  and  the  occurrence  of  nearly  continuous 
layers  of  CrNb04  in  AX  and  UES-AX,  as  well  as  the  absence  of  a  con¬ 
tinuous  CrNb04  layer  in  Ml.  In  addition,  the  identical  cyclic-oxidation 
behaviors  observed  in  AX  and  UES-AX  can  be  explained  on  the  basis  of 
the  smaller  particle  size  in  UES-AX. 


DISCUSSION 

Oxidation  models37-43  exist  in  the  literature  for  treating  independent 
oxidation  and  the  exclusive  formation  of  an  oxide  layer  on  two-phase 
binary  alloys.  These  models  have  been  used  to  provide  bounds  of 
cyclic-oxidation  behaviors  and  to  identify  the  critical  conditions  for  the 
formation  of  a  continuous,  protective-oxide  layer  on  Nb-base  in  situ 
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composites,  which  are  multiphase,  multicomponent  alloys.  Since  there  is 
no  corresponding  theoretical  treatment  for  multiphase,  multicomponent 
alloys,  the  use  of  the  simpler  theoretical  models  for  two-phase  binary 
alloys  appears  to  be  justified  since  they  are  formulated  essentially  on  the 
basis  of  a  mass  balance.  The  discrepancy  between  the  model  predictions 
and  experimental  results  in  Figs,  9  and  11  can  be  attributed  to  uncer¬ 
tainties  in  the  area  functions  of  the  individual  phases  (Fig.  10)  and  the 
coefficient  of  interdiffusion  (Fig,  12),  Though  not  an  absolute  proof,  the 
deduced  values  of  area  fractions  of  individual  phases  and  the  interdif¬ 
fusion  coefficient  are  reasonable  and  provide  a  basis  for  further  model 
improvement  and  experimental  verification.  Nonetheless,  the  limitations 
of  the  two-phase  models  for  applications  to  multiphase,  multicomponent 
alloys  are  acknowledged.  Other  possible  sources  of  the  observed  discrep¬ 
ancy  include  the  inadequacy  of  the  two-phase  model  (e.g,,  the  linear 
dependence  on  the  volume  fractions,  etc,)  for  complex  multiphase,  multi- 
component  systems  and  the  various  assumptions  made  to  extend  the  two- 
phase  models  to  multiphase  systems. 

Although  the  cyclic  oxidation  models  are  not  in  quantitative  agree¬ 
ment  with  the  experimental  data,  insight  can  be  gained  from  applying 
the  two-phase  models  to  multiphase  systems.  The  theoretical  calculations 
indicated  that  for  independent  oxidation  of  Nb-base  in  situ  composites, 
the  cyclic-oxidation  behavior  of  the  Nb  solid-solution  phase  is  likely  to 
dominate.  Independent  oxidation  is  likely  to  give  the  lowest  oxidation 
resistance,  while  the  exclusive  formation  of  a  protective-oxide  layer  should 
provide  better  oxidation  resistance.  Moreover,  the  critical  conditions  for 
the  exclusive  formation  of  a  continuous  layer  of  AI2O3,  C^Oa,  or  SiC>2 
are  quite  stringent  and  are  difficult  to  achieve.  The  formation  of  a  contin¬ 
uous  Si(>2  on  Nb-base  solid  solution  alloys  and  in  situ  composites  is  most 
difficult  because  of  the  low  solubility  of  Si  in  Nb, 

Comparison  of  computed  and  measured  weight  change  curves  for  sev¬ 
eral  Nb-base  in  situ  composites  containing  various  volume  fractions  of 
Nb  solid  solution,  Laves  phase,  and  silicides  suggested  that  cyclic  oxida¬ 
tion  of  the  various  phases  in  the  microstructure  did  not  proceed  inde¬ 
pendently.  Instead,  it  appeared  that  *  Ti€>2  interacted  with  CT2O3 

to  form  CrNbC>4.  The  interaction  led  to  the  formation  of  a  continuous 
CrNbC>4  layer  in  M2  and  nearly  continuous  layers  of  CrNb(>4  plus  Ti<>2 
in  AX  and  UES-AX.  The  lower  oxidation  resistance  in  AX  and  UES- 
AX  may  be  attributed  to  the  presence  of  Ti02  formation  and  the  lack  of 
a  continuous  CrNbC>4  layer.  The  cooperative  oxidation  behavior  cannot 
be  described  by  current  models,  but  could  be  bounded  by  current  mod¬ 
els  for  independent  oxidation  and  for  the  exclusive  formation  of  a  contin¬ 
uous  oxide  layer.  The  theoretical  model  of  Wang  et  a/,,38  indicates  that  an 
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increase  in  the  volume  fractions  and  a  decrease  in  the  sizes  of  the  Laves 
phase  can  enhance  the  formation  of  a  continuous  CrNbC>4  oxide  layer. 

Although  the  formation  of  a  continuous  protective  SiC>2,  0*263,  or 
AI2O3  layer  is  difficult  to  achieve  on  Nb-base  in  situ  composites,  the 
cyclic-oxidation  resistance  of  certain  Nb-base  in  situ  composites  meets 
the  desired  oxidation  goal  for  the  temperature  investigated.  The  oxidation 
resistance  of  these  alloys  appears  to  arise  from  the  formation  of  mixed  or 
double  oxides  such  as  CrNbCV  According  to  Eqs.  (4),  (16)  and  (18),  the 
key  material  parameters  required  to  achieve  exclusive  formation  of  a  con¬ 
tinuous  oxide  layer  include:  (1)  a  low  parabolic  rate  constant  (kr)9  (2)  a 
high  interdiffusion  coefficient,  D,  (3)  a  small  particle  size,  and  (4)  a  low 
spallation  constant,  q.  Material  attributes  that  lead  to  a  low  spallation 
constant  ( q )  are  low  defect  density  and  thermally-induced  stresses  (A£Aa) 
in  the  oxides,46  but  a  high  fracture  toughness  for  the  oxides.46  A  detailed 
analysis  of  the  weight-change  curve  of  M2,  shown  in  Fig.  10,  indicated  a 
combination  of  low  kr  and  q  values;  both  could  be  attributed  to  the  inter¬ 
action  of  Nb2C>5  and  Cr2C>3  to  form  CrNbC>4.  The  apparent  absence  of 
weight  change  observed  at  oxidation  times  exceeding  200  hr  was  the  result 
of  a  balance  between  oxidation  and  spallation.  These  experimental  obser¬ 
vations  confirmed  three  theoretical  predictions  by  the  oxidation  models: 
(1)  a  continuous  layer  of  SiC>2  or  (>203  is  unlikely  to  form  on  current 
Nb-base  in  situ  composites,  (2)  the  formation  of  mixed  oxides  may  pro¬ 
vide  sufficient  oxidation  resistance  to  meet  the  oxidation  goal,  and  (3)  the 
exclusive  formation  of  a  continuous  CrNbC>4  oxide  layer  can  be  achieved 
by  reducing  the  size  of  the  particles  preferentially  oxidized  in  the  micro- 
structure. 

The  critical  conditions  for  the  formation  of  a  continuous  CrNbC>4 
layer  are  likely  to  vary  with  temperature  since  kr,Dyq,  and  the  micro¬ 
structure  are  all  temperature-dependent.  More  recent  data35  indicated  that 
a  continuous  CrNbC>4  layer  could  not  form  when  the  test  temperature 
was  increased  from  1100  to  1400°C  or  decreased  from  1100  to  900°C. 
In  all  cases,  the  cyclic-oxidation  resistance  of  Nb-base  in  situ  compos¬ 
ites  decreases  when  the  formation  of  Nb20s  •  TK>2  is  favored  over  that  of 
CrNb04.  Among  the  materials  examined,  M2  exhibited  the  best  cyclic-oxi¬ 
dation  behavior  with  an  oxidation  life  of  ^500  hr  at  1100°C,  but  less  than 
200  hr  at  900,  1200,  and  131 5°C. 

CONCLUSIONS 

Computational  models  were  utilized  to  identify  possible  means  for 
improving  the  oxidation  resistance  of  Nb-base  in  situ  composites.  The  con¬ 
clusions  reached  in  this  investigation  are  as  follows: 
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1.  The  cyclic-oxidation  behaviors  of  Nb-base  in  situ  composites  are 
bounded  by  those  of  independent  oxidation  and  the  selective  oxida¬ 
tion  of  the  most  reactive  element  to  form  an  exclusive  continuous 
layer. 

2.  The  oxidation  behavior  of  the  Nb  solid-solution  phase  and  the 
formation  of  NboOsTiOi  dominates  the  cyclic-oxidation  behavior 
of  Nb-base  in  situ  composites, 

3.  The  exclusive  formation  of  a  continuous  layer  of  C^Oa  or  SiC>2  on 
Nb-base  in  situ  composites  is  more  difficult  than  the  formation  of  a 
layer  of  mixed  oxides  with  NbaOs,  CriOa,  and  S1O2. 

4.  The  formation  of  a  continuous  layer  of  CrNbC>4  by  interaction  of 
Nb2<35  and  0*20 3  may  provide  oxidation  resistance  in  Nb-base  in 
situ  composites  for  up  to  500  hr  at  1 100°C. 

5.  For  Nb-base  in  situ  composites,  a  high  volume  fraction  of  small  (5- 
10  fjm)  Laves  and  silicide  phases  is  required  for  the  formation  of  a 
continuous  CrNb04  oxide  layer. 
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Abstract 

A  creep  model  for  metal-matrix  composites  has  been  extended  to  treat  creep  in  Nb-based  in-situ  composites  containing  silicides  in 
a  creeping  matrix.  Model  calculations  revealed  that  the  creep  exponent  of  the  in-situ  composites  is  significantly  influenced  by  the 
creep  behavior  of  the  stronger  reinforcement  (silicide  or  Laves)  phase.  The  wide  range  of  creep  exponent  (1-11)  observed  in  Nb- 
Ti-Hf-Si  in-situ  composites  can  be  explained  on  the  basis  of  the  rigid  or  creeping  behavior  of  the  silicide  (or  Laves)  phase  during 
creep  in  the  in-situ  composites.  The  application  of  the  creep  model  to  designing  creep-resistant  microstructure  for  Nb-based  in-situ 
composites  is  discussed  in  conjunction  with  the  roles  of  alloy  addition  and  Peierls-Nabarro  stress  in  influencing  the  creep  resistance 
of  the  in-situ  composites.  ©  2002  Elsevier  Science  B.V.  All  rights  reserved. 

Keywords:  Creep  modeling;  Creep-resistant  microstructure;  Niobium  silicides;  In-situ  composites;  Nb-Ti-Hf-Si  alloys 


1.  Introduction 

Niobium  silicide  in-situ  composites  are  characterized 
by  a  microstructure  containing  niobium  silicides  tough¬ 
ened  with  a  niobium  solid  solution.  This  class  of  in-situ 
composites  is  attractive  as  high  temperature  structural 
materials  because  it  exhibits  high  tensile  strength  and 
creep  resistance  at  elevated  temperatures,  as  well  as 
adequate  tensile  ductility  and  fracture  toughness  at 
ambient  temperatures  [1-4].  Significant  progress  has 
been  made  to  improve  the  oxidation  resistance  of  these 
composites,  even  though  they  might  still  require  a 
coating  for  very  high  temperature  applications  [5]. 

There  have  been  several  recent  studies  on  the  creep 
resistance  of  niobium  silicide  in-situ  composites  [6-12], 
In  a  series  of  papers  [9-12],  Henshall  and  co workers 
investigated  the  primary  and  steady  state  creep  response 
of  ductile-phase  toughened  Nb5Si3/Nb  in-situ  compo¬ 
sites  through  a  combination  of  analytical  modeling  and 
numerical  simulation,  using  experimental  data  gener¬ 
ated  by  Subramanian  et  al.  [6,7].  These  studies,  which 
treated  the  Nb5Si3  as  the  continuous  phase,  demon¬ 
strated  that  the  creep  behavior  of  the  in-situ  composites 
is  dominated  by  the  silicide  phase,  which  is  stronger  and 
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bears  a  higher  load  than  the  weaker  Nb  solid  solution. 
At  a  given  stress,  the  steady  state  creep  rate  of  the 
niobium  silicide  in-situ  composites  [7,8]  is  significantly 
lower  than  that  of  the  Nbss  phase,  even  though  it  is 
higher  than  that  exhibited  by  monolithic  silicides  [6]. 
The  creep  exponent  of  the  in-situ  composite  is  about  2 
[7,8],  compared  with  «  1  for  Nb5Si3  [6]  and  5.8  for  Nb 
[9,10]  or  Nb(Si)  solid  solution  [12].  Despite  several 
attempts,  Henshall  et  al.  [9-12],  were  not  successful  in 
simulating  the  correct  creep  exponent  observed  in  the  in- 
situ  composites  using  continuum  methods.  These 
authors  attributed  the  discrepancy  to  a  possible  change 
in  the  creep  mechanisms  in  the  in-situ  composites  and  in 
monolithic  Nb5Si3. 

Bewlay  et  al.  [8],  reported  the  steady  state  creep  rates 
of  a  number  of  niobium-silicide  based  in-situ  composites 
that  contained  Ti,  Hf,  and  Mo  alloy  additions.  Fig.  1 
compares  the  results  of  Bewlay  et  al.  [8],  for  Nb-Ti- 
Hf-Si  materials  against  those  for  Nb-Si  [8-10],  Nb  [9], 
and  monolithic  Nb5Si3  [6].  The  creep  behavior  of  the 
Nb-Ti-Hf-Si  material  exhibited  a  wider  variation 
compared  with  those  of  the  binary  Nb-Si  materials. 
For  example,  the  creep  exponent  of  the  Nb-Ti-Hf-Si 
materials  varies  from  1.08  to  11.  In  contrast,  the  creep 
exponent  is  on  the  order  of  2-3  for  Nb-Si  and  about  1 
for  Nb5Si3.  The  various  creep  behaviors  observed  in 
these  niobium  silicide  in-situ  composites  are  undoubt- 
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Fig,  1.  Steady  state  creep  rates  of  Nb  [9,10],  Nb5Si3  [6].  Nb-lOSi  [3], 
Nb-16Si  [8],  and  Nb-Ti-Hf-Si  in-situ  composites  [8], 

edly  related  to  composition,  microstructure,  or  both. 
Unfortunately,  the  source  and  cause  of  this  wide  range 
of  creep  response  are  not  well  understood. 

The  microstructure  of  niobium  silicide-based  in-situ 
composites  depends  on  the  alloy  composition.  In  binary 
Nb/Nb5Si3  materials,  such  as  Nb-lOSi  and  Nb-16Si, 
the  microstructure  is  comprised  of  large  primary  Nb 
particles  embedded  within  a  matrix  of  continuous 
niobium  solid  solution  and  Nb5Si3  eutectic  [3].  The 
microstructures  of  the  recently  developed  Nb-Ti-Cr- 
Al-Si  in-situ  composites  either  with  or  without  Hf, 
however,  are  entirely  different  from  those  in  the  binary 
Nb-Si  system  [3],  The  typical  microstructure  in  Nb-Ti- 
Hf-Cr-Al-Si  alloys  consists  of  a  continuous  or  near 
continuous  bcc  (P)  Nb-matrix  with  dispersed  refractory 
metal  silicides.  Laves  phases  or  both,  depending  on  alloy 
composition  [3].  This  is  illustrated  in  Fig.  2,  which  shows 


Fig.  2.  Microstracture  of  an  Nb-Ti-Hf-Cr-Si-Ge  in-situ  composite 
shows  a  continuous  bcc  (p)  Nb  matrix  (light  phase)  with  equiaxed 
Laves  grains  (dark  phase)  and  elongated  or  fibrous  silicide  grains  (gray 
phase). 


the  microstructure  of  an  Nb-Ti-Hf-Cr-Si-Ge  in-situ 
composite  heat-treated  at  1350  °C  for  100  h.  The 
microstructure  of  this  alloy  is  comprised  of  a  Nb  solid 
solution  matrix  (light  phase)  with  dispersed  silicides 
(gray  phase)  and  Laves  phases  (dark  phase).  The  volume 
percents  of  the  Nb  solid  solution,  silicides,  and  Laves 
phases  are  54,  34,  and  12%,  respectively.  The  morphol¬ 
ogy  of  the  silicide  and  Laves  phase  ranges  from  equiaxed 
to  rod-like  with  an  aspect  ratio  as  high  as  5.  The  alloyed 
silicides  can  be  M3Si  or  M5Si3,  where  M  represents  Nb, 
Ti,  or  Hf,  and  the  Laves  phases  can  be  of  the  C14  or  Cl  5 
structure,  depending  on  composition.  In  Nb-Ti-Al  in- 
situ  composites,  the  matrix  can  have  the  ordered  B2 
structure  similar  to  that  in  NiAl,  while  the  intermetallie 
phase  in  the  microstructure  is  Nb3AL  The  creep 
behavior  of  Nb-Nb5Si3  in-situ  composites  with  a 
continuous  silicide  matrix  has  been  modeled  by  Hen- 
shall  et  al.  [9-12].  In  contrast,  the  creep  behavior  of  Nb- 
based  in-situ  composites  with  a  continuous  bcc  Nb- 
matrix  or  an  ordered  B2-matrix  has  not  been  modeled. 

The  objective  of  this  article  is  to  present  the  results  of 
an  investigation  whose  goal  was  to  model  the  creep 
response  of  niobium  silicide  in-situ  composites  on  the 
basis  of  the  microstructure  and  the  creep  properties  of 
individual  constituent  phases.  A  description  of  the  creep 
model  for  a  two-phase  microstructure  is  presented  first. 
The  model  is  then  applied  to  analyze  the  creep  response 
of  Nb-Ti-Hf-Cr-Si  and  Nb-Si  in-situ  composites. 
The  wide  range  of  creep  exponents  observed  in  these 
materials  will  be  explained  on  the  basis  of  the  proposed 
creep  model.  In  addition,  the  application  of  the  creep 
model  to  improving  the  creep  resistance  of  niobium 
silicide  in-situ  composites  is  illustrated  with  a  discussion 
of  the  importance  of  alloy  addition  and  the  Peierls- 
Nabarro  stress  in  influencing  the  creep  behavior  of  the 
in-situ  composites.  Possible  application  of  the  creep 
model  to  B2  based  composites,  such  as  NiAl  containing 
short  fibers  is  also  discussed. 


2.  Creep  model 

Several  creep  models  [13-21]  have  been  proposed  for 
treating  the  steady  state  creep  behavior  of  metal-matrix 
composites  containing  long  fibers,  short  whiskers,  or 
particles.  In  these  models,  the  metal  matrix  is  considered 
to  exhibit  power  law  creep  while  the  reinforcement 
phase  is  usually  treated  as  rigid  solids  [13-15,17-21].  A 
few  models  treat  creep  in  composites  containing  creep¬ 
ing  fibers  in  a  creeping  matrix  [13,14,16].  Most  of  the 
current  creep  models  [9-12]  for  in-situ  composites 
consider  creep  to  occur  in  the  constituent  phases. 

In  this  article,  we  will  apply  the  approach  of  Kelly  and 
Street  [14]  to  consider  creep  in  in-situ  composites 
containing:  (1)  a  rigid  phase  in  a  creeping  matrix  and 
(2)  a  creeping  phase  in  a  creeping  matrix.  The  morphol- 
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by  shear  along  the  interface  of  the  matrix  and  the  rigid 
phase.  Using  a  shear  lag  model,  Kelly  and  Street  [14] 
calculated  the  stress  transfer  between  the  matrix  and  the 
rigid  phase,  yielding: 

//\  + 

<4) 

where  /  and  d  are  the  length  and  diameter  of  the  fibrous 
phase,  respectively.  The  stress  transfer  function,  <j>>  is 
given  by1  [14]: 


'2\ 1/m  /  m  \  (  m  \ 
3 )  \2m  +  1 )  \ra  +  1  / 


a 


c 


which  can  be  combined  with  Eq.  (3)  and  Eq.  (4)  to  give: 


Fig.  3.  Schematics  of  an  in-situ  composite  containing  rigid  and 
creeping  reinforcement  phases  in  a  creeping  Nb  solid  solution  matrix 
subjected  to  an  applied  stress,  ac. 


(6) 


ogy  of  the  silicides  and  Laves  phases  dictate  that  both 
equiaxed  and  fibrous  grains  must  be  considered.  Fig.  3 
shows  schematically  the  microstructure  of  an  in-situ 
composite  containing  a  metallic  phase,  M,  and  a  fibrous 
phase,  f,  which  can  be  a  silicide  or  a  Laves  intermetallic. 
The  aspect  ratio,  Hd,  will  be  varied  so  that  both 
equiaxed  and  fibrous  grains  can  be  modeled.  The 
volume  fraction  of  the  fibrous  phase  is  Vf  and  the 
matrix  phase  exhibits  power  law  creep  as  given  by: 


where  am ,  £m,  and  m  are  the  stress,  creep  rate,  and  creep 
exponent  of  the  metallic  phase  and  the  corresponding 
reference  stress  and  creep  rate  are  signified  as  <jmo,  and 
£mo,  respectively.  For  phase  compatibility,  equal  strain 
rates  are  assumed  in  individual  constituent  phases. 
Thus: 

4  =  4  =  4  (2) 

where,  sc,  sm  and  sf  are  creep  rates  in  the  composite, 
matrix,  and  the  fibrous  phase.  The  assumption  of  equal 
strain  rates  and  the  rule-of-mixtures  leads  to  a  compo¬ 
site  stress,  crc,  given  by  [14]: 

ac  =  0fV{  +  0-m(l  —  Ff)  (3) 

where  crf  is  the  average  stress  in  the  fibrous  phase. 

2.1.  Rigid  reinforcement  phase  in  a  creeping  matrix 

During  creep  of  composites  containing  a  rigid  phase, 
strain  compatibility  at  the  phase  boundary  is  maintained 


and  the  creep  rate  of  the  composite  is: 


since  ec  =  sm.  Eq.  (7)  indicates  that  the  creep  exponent  of 
the  composite  is  identical  to  that  of  the  matrix,  but  the 
creep  rate  in  the  composite  is  decreased  because  of  a 
reduced  stress  level  in  the  matrix. 


2.2.  Creeping  reinforcement  phase  in  a  creep  matrix 

Creep  in  the  fibrous  phase  is  assumed  to  exhibit 
power-law  creep  according  to: 


where  <rf,  £f,  and  n  are  the  stress,  creep  rate,  and  creep 
exponent  of  the  fibrous  phase;  crfo  and  s(o  are  the 
corresponding  reference  stress  and  reference  creep  rates, 
respectively.  Creep  in  the  fibrous  phase  is  considered  to 
commence  at  the  mid-length  and  spread  towards  the  two 
ends,  forming  a  creep  zone  of  length  21'  and  two  stress 
transfer  zones  of  length  Zc  at  both  ends.  The  average 
stress  in  the  fibrous  phase  derived  by  Kelly  and  Street 
[14]  is: 


1  The  (m/m+ 1)  term  is  missing  from  Eq.  (12a)  of  Kelly  and  Street 
[14]. 
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(7) 


62 


K.S.  Chan  /  Materials  Science  and  Engineering  A337  (2002)  59-66 


* . ’Mr 


///\<m+ i)/OT  fz 

x  I  —  I  " 


(f) 


with 

HGf 


^2\/3Ff^  ~I/2  _  jj 


(9) 


(10) 


and  the  ratio  lid  is  given  by  Eq.  (21)  of  Kelly  and  Street 
[14].  It  is  noted  that  a  negative  sign  is  missing  from  the 
exponent  in  Eq.  (21)  of  Kelly  and  Street  [14].  After 
combining  Eqs.  (7)-(9)  via  a  lengthy  mathematical 
manipulation,  Eq.  (7)  is  simplified  to: 


which  can  be  combined  with  Eq.  (3)  to  obtain: 

/  r  \  */»  /  6  \ 

ffe  =  ctVf0to(j-J  +(1  -V{)cmo\^j  (13) 


for  creep  in  an  in-situ  composite  with  interaction 
between  the  creeping  matrix  and  the  creeping  silieide 
phase.  Interaction  between  the  fibrous  phase  and  the 
matrix  includes  the  initiation  of  a  creep  zone  at  the 
center  of  the  fibrous  phase,  the  expansion  of  the  creep 
zone  toward  to  the  fiber  ends,  and  the  transfer  of 
stresses  from  the  fibrous  phase  to  the  creeping  matrix. 
Eq.  (13)  reduces  to  Eq.  (25)  of  Kelly  and  Street  [14] 
when  creep  occurs  fully  along  the  entire  length  (21  =  /) 
of  the  fibrous  phase. 


3.  Model  application 

The  creep  model  is  applied  to  compute  the  steady- 
state  creep  response  of  niobium  silieide  in-situ  compo¬ 
sites.  Since  the  creep  responses  of  the  five  alloyed 
silicides  and  Laves  phases  in  the  in-situ  composites  are 
not  known,  their  creep  behaviors  are  assumed  to  be  rigid 
in  one  extreme  and  creeping  like  Nb5Si3  in  the  other 
extreme.  The  two  extremes  with  pertinent  creep  expo¬ 
nents  should  encompass  all  possible  creep  behaviors  of 
the  alloyed  silicides  and  Laves  phases.  Material  input  to 
the  creep  model  is  the  creep  properties  of  Nb5Si3  and 
Nb,  which  are  summarized  in  Table  1.  It  is  noted  that 
the  maximum  solubility  of  Si  in  Nb  is  between  1  and 


Table  1 

Material  constants  in  the  creep  model  for  steady  state  creep 


Phase 

4c  or  (s  ’) 

<?mo  or  fffo  (MPa) 

m  or  n 

Reference 

Nb 

1 

68.24 

5.76 

(10] 

Nb5Si3 

1 

3.666  x  1010 

1 

[10] 

Nb5Si3 

1 

2.236  x  106 

2 

Assumed 

1.5%  depending  on  alloy  compositions.  The  creep 
responses  of  Nb  and  Nb-1.25Si  are  identical,  as  shown 
in  Fig.  1.  Thus,  the  use  of  creep  properties  of  Nb  (or 
Nb-L25Si)  as  the  creep  properties  of  the  Nb  solid 
solution  matrix  of  the  in-situ  composites  is  justified.  For 
creep  calculations  involving  rigid  phase,  the  aspect  ratio 
(lid)  is  taken  to  be  5  unless  specified  otherwise.  Creep 
calculations  involving  creeping  silicides  are  independent 
of  the  lid  ratio.  The  creep  exponent  for  Nb  is  5.76  while 
it  is  1  for  Nb5Si3,  as  shown  in  Fig.  4.  The  steady  state 
creep  curves  of  composites  with  rigid  and  creeping 
silieide  phases  are  compared  against  those  of  Nb  and 
Nb5Si3  in  Fig.  4.  The  volume  percent  silicides  used  in 
these  calculations  was  37%  because  it  was  typical  of  the 
experimental  data  shown  in  Fig.  1.  As  will  be  reported 
later  in  this  paper,  creep  calculations  w?ere  also  per¬ 
formed  for  various  volume  percents  of  silicides  and 
Laves  phases  ranging  from  25  to  50%.  The  volume 
fraction  of  silicides  in  the  in-situ  composites  were 


Fig.  4.  Calculated  steady-state  creep  rates  of  Nb,  Nb5Si3,  and  Nb  in- 
situ  composites  with  rigid  silicides,  creeping  silicides,  and  creeping 
silicides  with  matrix  interactions.  The  creep  exponent  of  an  in-situ 
composite  depends  on  the  creep  response  of  the  silieide  phase. 
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Experimental  Data 
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Nb-33Ti-7.5Hf- 
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16Si  (37%) 
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Nb-7.5Hf- 
16  Si  (37%) 

□ 

Nb  (0%) 

• 

NbgSij  (100%) 

Model  Calculation 

— 

Nb  (0%),  n  =  5.76 

— 
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Silicides  (37%) 

Nb  +  Creeping 
Silicides  (37%) 

+  Interaction 

Nb  +  Creeping 
Silicides  (37%) 

Silicides  (100%) 
n  =  1 

Fig.  5.  Comparison  of  experimental  and  calculated  steady-state  creep 
rates  for  Nb,  Nb5Si3,  and  three  Nb-Ti-Hf-Si  in-situ  composites. 
Experimental  data  are  from  the  literature  [6-10].  A  high  creep 
exponent  can  be  correlated  to  composites  with  rigid  silicides,  while  a 
low  creep  exponent  can  be  attributed  to  the  presence  of  creeping 
silicides  in  the  microstructure. 

computed  using  the  lever  rule  and  pseudo-ternary  phase 
diagrams  [3].  For  a  Nb-composite  with  rigid  silicides, 
the  creep  curve  resembles  that  of  the  Nb  phase  and  it 
exhibits  an  identical  slope  (n  =  5.76)  as  that  of  Nb  but 
the  creep  rate  is  lower  at  a  given  stress.  The  result  is  that 
the  creep  curve  of  the  composite  can  be  obtained  by  a 
translation  of  the  creep  curve  of  the  metal  matrix  to  a 
higher  stress  while  keeping  the  slope  constant.  In 
contrast,  the  creep  curve  of  a  composite  containing 
37%  creeping  silicides  resembles  that  of  the  silicide  phase 
at  high  stresses  but  exhibits  an  apparent  threshold  at 
lower  stresses.  Both  the  creep  exponent  and  the  creep 
rate  are  higher  in  the  composite  containing  creeping 
silicides  with  matrix  interaction  than  those  observed  in 
the  monolithic  silicide  phase.  Thus,  the  creep  behavior 
of  the  reinforcement  phase  exerts  a  major  influence  on 
the  creep  response  of  the  in-situ  composite. 

Fig.  5  shows  a  comparison  of  the  calculated  creep 
curves  against  those  of  Nb-Ti-Hf-Si  in-situ  compo¬ 
sites.  Since  the  experimental  data  of  Nb  and  Nb5Si3  were 
used  as  input  to  the  creep  model,  the  good  agreement 
between  model  and  experiment  is  expected.  As  can  be 
seen  in  Fig.  5,  Nb5Si3  exhibits  a  higher  creep  resistance 
than  Nb.  For  Nb-33Ti-7.5Hf-16Si  and  Nb-21Ti- 
12.5Hf-16Si,  the  slopes  of  the  creep  curves  resemble 
that  for  the  composite  with  rigid  silicides  even  though 
the  model  over-predicted  the  creep  rate  at  a  given  stress 
level.  A  creep  exponent  of  11  was  measured  for  Nb- 
21Ti-12.5Hf-16Si,  but  only  two  data  points  were 
available  for  this  alloy.  In  contrast,  the  creep  curve  for 
Nb-7.5Hf-16Si,  agrees  with  that  calculated  for  creep¬ 
ing  silicides  with  matrix  interaction.  Thus,  the  different 


creep  behaviors  exhibited  by  these  in-situ  composites 
can  be  explained  on  the  basis  of  rigid  and  creeping 
silicides. 

The  calculated  creep  curves  are  not  in  agreement  with 
the  experimental  data  of  a  few  in-situ  composites,  which 
include  Nb-lOSi,  Nb-16Si,  and  three  other  Nb-Ti- 
Hf-Si  in-situ  composites.  As  shown  in  Fig.  6,  these 
composites  exhibit  a  creep  exponent  in  the  range  of  2  to 
3  and  creep  rates  that  are  bounded  by  the  creep  curves 
of  Nb  and  Nb5Si3.  A  creep  exponent  of  2-3  cannot  be 
explained  on  the  basis  of  a  creep  exponent  of  1  for  the 
Nb5Si3.  To  overcome  this  difficulty,  it  was  stipulated 
that  the  controlling  creep  mechanism  in  these  in-situ 
composites  is  limited  by  the  Nbss/silicide  interface  and 
has  a  creep  exponent  of  2.  It  was  plausible  because  the 
in-situ  composites  contain  numerous  Nbss/silicide  inter¬ 
faces  that  do  not  exist  in  monolithic  Nb5Si3.  In  addition, 
a  review  of  creep  mechanisms  [21]  indicates  that  the 
stress  exponent  for  interface-controlled  creep  process  is 
2.  It  is  also  possible  that  the  creep  exponent  of  one  of  the 
alloyed  silicide  or  Laves  phases  is  2,  since  several  alloyed 
silicides  and  Laves  phases  exist  in  the  Nb-Ti-Cr-Si 
materials.  The  assumed  material  properties  of  the  inter¬ 
face-controlled  creep  in  Nb5Si3  are  also  shown  in  Table 
1 .  The  calculated  creep  curve  for  Nb5Si3  with  n  =  2  is 
shown  in  Fig.  7,  which  also  presents  the  calculated  creep 
curves  for  in-situ  composites.  As  shown  in  Fig.  7,  the 
model  calculations  are  in  better  agreement  with  the 
experimental  data.  The  creep  exponents  for  the  calcu¬ 
lated  creep  curves  of  the  in-situ  composites  are  now  in 
the  range  of  2-3  and  the  calculated  creep  rates  are  also 
in  agreement  with  the  observed  values. 
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Fig.  6.  Calculated  steady-state  creep  rates  are  not  in  agreement  with 
the  experimental  data  for  Nb-IOSi  [3],  Nb-16Si  [8],  and  three  other 
Nb-Ti-Hf-Si  in  situ  composites  [8],  which  exhibit  a  creep  exponent 
of  2-3. 
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Experimental  Data 
O  Nb-25Ti-8Hf-2Cr~ 
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Fig,  7,  Comparison  of  experimental  creep  data  against  model 
calculations  using  a  creep  exponent  of  2  for  the  silicide  phase.  The 
change  of  n  from  1  to  2  is  assumed  to  be  caused  by  the  presence  of  Nb/ 
silicide  interfaces  in  the  in-situ  composite,  which  are  not  present  in 


Fig,  8.  Model  calculations  show  that  creep-resistant  in-situ  composites 
require  creeping  silicides  with  n  =  1  in  the  microstructure. 


The  creep  model  was  used  to  predict  the  creep  curves 
of  in-situ  composites  containing  50%  silicides,  but  the 
relative  percentages  of  the  rigid  and  creeping  silicides 
were  varied  systematically.  As  shown  in  Fig.  8,  the 


composite  with  rigid  silicides  exhibits  the  highest  creep 
exponent  and  the  least  desirable  creep  characteristic. 
The  combination  of  rigid  and  creeping  silicides  resulted 
in  creep  curves  with  a  creep  exponent  on  the  order  of  1 
at  high  stresses  (>100  MPa)  and  an  apparent  creep 
threshold  at  lower  stresses  ( <  30  MPa).  The  exact  value 
of  the  creep  threshold  depends  on  the  amount  of  rigid 
particles  in  the  composites  while  the  creep  exponent  is 
approximately  equal  to  that  of  the  monolithic  silicide  as 
long  as  creeping  silicides  are  present  in  the  composites. 


4.  Discussion 

The  current  creep  model  predicts  that  a  rigid  phase  in 
an  in-situ  composite  would  result  in  a  creep  curve  that  is 
a  translation  of  creep  curve  of  the  metal  phase  to  a 
higher  stress.  This  model  prediction  is  supported  by 
limited  experimental  data  of  Nb  in-situ  composites.  In 
addition,  this  model  prediction  is  supported  by  creep 
data  of  NiAl  reinforced  with  either  alumina  particles  or 
whiskers  [22],  as  shown  In  Fig.  9,  A  comparison  with 
NiAl-based  composites  is  of  interest  because  the  micro¬ 
structure  Is  similar  to  those  of  Nb-Ti-Hf-Cr-Si  in-situ 
composites  with  a  continuous  P  Nb-matrix  and  to  those 
of  the  Nb-Ti-Al  in-situ  composites  with  a  continuous 
ordered  B2  matrix.  As  in  the  case  of  Nb  in-situ 
composites,  the  creep  data  of  alumina/NiAl  composites 
are  parallel  to  the  creep  data  of  NiAl  but  are  shifted  to 
higher  stresses.  Comparison  of  the  model  calculation 
against  experimental  data,  shown  in  Fig.  8,  indicates 


Fig,  9.  Calculated  and  measured  steady-state  creep  rates  of  NiAl 
reinforced  with  alumina  particles  or  whiskers  [21].  The  creep  exponents 
of  the  MMCs  are  comparable  to  that  of  the  NiAl  matrix,  suggesting 
that  the  alumina  particles  and  whickers  are  rigid  at  800  °C. 
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reasonable  agreement.  Further  support  of  the  creep 
model  was  provided  by  the  work  of  Gonzalez-Doncel 
and  Sherby  [20] ,  which  showed  the  existence  of  a  creep 
threshold  in  aluminum  composites  reinforced  with  SiC 
particles  or  whiskers.  A  creep  threshold  stress  is  also 
present  in  alloys  containing  hard  dispersoids  [15]. 

Both  Fig.  5  and  Fig.  9  show  that  the  creep  model 
overpredicted  the  creep  rate  of  composites  containing  a 
rigid  phase.  The  discrepancy  observed  in  the  Nb-based 
in-situ  composites  may  be  attributed  to  the  value  of  II 
d=5  in  the  creep  calculations.  However,  the  experi¬ 
mental  value  of  l Id  =  10  was  used  for  the  creep  calcula¬ 
tion  for  composites  with  alumina  whiskers.  Thus,  the 
discrepancy  between  the  model  and  experimental  data 
shown  in  Fig.  9  cannot  be  attributed  to  an  incorrect 
value  of  Ud ,  but  suggests  a  possible  deficiency  in  the 
model.  Finite-element  creep  modeling  by  Dragone  and 
Nix  [17]  indicated  that  several  geometric  factors  other 
than  the  reinforcement  aspect  {Ud)  ratio  might  also 
influence  the  creep  rate  of  metal-matrix  composites, 
which  include  the  volume  fraction,  spacing,  and  overlap 
of  the  reinforcements.  Neither  the  reinforcement  spacing 
nor  the  overlap  are  treated  in  the  current  model,  and 
they  may  be  the  sources  of  the  observed  discrepancy. 
For  composites  with  creeping  matrix  and  reinforce¬ 
ments,  the  major  microstructural  parameters  are  the 
creep  exponent  and  the  volume  fraction  of  the  reinforce¬ 
ment  phase. 

One  of  the  important  findings  of  this  investigation  is 
that  creeping  silicides  are  beneficial  for  creep  resistance 
of  the  in-situ  composites,  as  long  as  the  creep  exponent 
of  the  creep  silicides  is  low  (e.g.  n  =  1).  The  same 
conclusion  was  reached  by  Henshall  et  al.  [9-12].  Rigid 
particles  or  creeping  particles  with  a  high  creep  exponent 
{n  >  3)  are  both  undesirable  from  the  viewpoint  of  creep 
resistance.  For  optimum  creep  resistance  in  composites, 
the  desirable  characteristics  are  reinforcement  phases 
that  are  rigid  at  low  stresses  but  creep  with  a  low  stress 
exponent  (n  =  1)  at  higher  stresses.  Thus,  diffusional 
creep  [23-25]  and  Harper-Dom  Creep  [26]  in  the 
silicide  or  Laves  phases  are  preferred  over  power-law 
creep  with  n  >  1 .  The  wide  range  of  creep  exponents 
observed  in  Nb-Ti-Hf-Si  in-situ  composites  may  be 
the  consequence  of  the  presence  of  rigid  and  creeping 
silicides  in  these  composites.  Alloying  addition  is  known 
to  alter  the  Peierls-Nabarro  stress  [27,28]  of  Nb  solid 
solutions  [29,30]  and  possibly  silicide  and  Laves  phases. 
Recent  theoretical  work  has  established  a  link  between 
the  Peierls-Nabarro  (P-N)  stress  and  the  creep  expo¬ 
nent  of  n  —  1  in  Harper-Dom  creep  [30,32,33].  A  high 
P-N  stress  can  make  a  silicide  or  Laves  phase  act  as  a 
rigid  particle,  and  leads  to  unfavorable  creep  character¬ 
istics.  With  proper  alloying  addition  to  reduce  the  P-N 
stress,  it  may  be  possible  to  induce  Harper-Dorn  [26]  or 
diffusional  [23-25]  creep  in  the  silicide  or  Laves  phase  in 


order  to  attain  a  low  creep  exponent,  leading  to  more 
favorable  creep  characteristics. 


5.  Conclusions 

(1)  The  wide  ranges  of  the  creep  exponent  observed  in 
Nb  in-situ  composites,  can  be  explained  on  the  basis  of 
the  presence  of  rigid  or  creeping  silicides  in  the 
composites.  (2)  The  presence  of  both  rigid  and  creeping 
phases  in  a  creeping  matrix  can  result  in  an  apparent 
threshold  in  the  creep  curve.  (3)  Composites  with  rigid 
silicides  exhibit  a  creep  exponent  that  is  identical  to  that 
of  the  creeping  matrix,  while  composites  with  creeping 
matrix  and  creeping  silicides  exhibit  the  creep  exponent 
of  the  silicides.  (4)  The  creep  resistance  of  in-situ 
composites  can  be  tailored  by  controlling  the  relative 
volume  fractions  of  rigid  and  creep  intermetallics  in  the 
microstructure.  (5)  A  creep  resistant  microstructure 
requires  the  stronger  reinforcement  phase  to  exhibit 
low  creep  rates  with  a  small  stress  exponent  (e.g.  n  =  1). 
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